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Traditionally, glasses are closely associated with the oxides of silicon (Si), 
sodium (Na), calcium (Ca), aluminum (Al) and boron (B); and silicon dioxide (silica, 
SiO2) is a chief ingredient that often constitute more than 70% of the typical glasses1. 
But in 1959, revolutionary work by Duwez et al at the California Institute of 
Technology thrust metallic alloys into the limelight, by the successful quenching of a 
molten Au-Si alloy in the laboratory, using a gun quenching technique2,3 to form glass. 
Since then, many binary and ternary metallic alloys have been found to amorphize to 
form glass, this new class of materials was termed metallic glasses (MG’s). However, 
more often than not, the quench from melt required extremely high cooling rates in 
 1
the order of 106 Ks-1, glasses so produced were in the micron-size, negating much 
practicality. 
Over the years, fervent research efforts have extended glass formation to many 
other alloy systems, and have also increased tremendously the critical size for full 
glass formation to the order of centimeters. Today the record holder for the largest 
critical size for full glass formation stands at 72 mm in the Pd-based alloy system4. On 
the contrary, critical sizes for Al-based amorphous alloys remained in the microns 
sized range, despite much effort by researchers to enhance the glass forming ability 
(GFA) of the Al-based amorphous alloys. 
 
1.2 Motivation of Study 
 
It is under this backdrop of challenging scientific hurdle that we embarked on 
our research study, aiming to carve a niche for ourselves in the study of glass 
formation in Al-based amorphous alloys. Current studies of glass formation in Al-
based metallic glasses were often focused on rare earth (RE) containing Al-based 
MG’s (see Section 2.2.2). It was commonly believed that the strong chemical affinity 
between the RE and the other elements in the alloy, as evidenced by the large negative 
heats of mixing between the atomic pairs can lead to better GFA5. Yet this chemical 
affinity is also enjoyed by Al-Ni-based alloys containing early transition metals like 
Ti, Zr, and Hf. Ironically, this class of alloys were also amongst the first to be 
reported to exhibit amorphous formation6,7, and yet has now been largely neglected by 
most in glass formation studies. 
Additionally, from studies of GFA in other alloy systems by our research 
group, we have established that GFA is strongly composition dependent, small 
 2
changes of ~1 at% can greatly influence the critical size for full glass formation in 
amorphous forming alloys8,9. Moreover, a recent rigorous study of the GFA of Al-Ni-
RE alloys discovered that the best glass former were unanimously located at a 
composition of Al85Ni10RE5 where (RE = La, Ce, Pr, Nd and Mm)10. The reason for 
this “coincidence” was not clear. Therefore, in this work, by meticulously studying 
the effect of compositional change on the GFA of the Al-Ni-based alloy systems 
containing Ti, Zr, Hf, and Y, we hope to gain a better understanding of glass 
formation in Al-based alloys.  
Finally, it has been well-established that topological, kinetics and 
thermodynamics considerations are essential to understanding glass formation. But 
how these three factors interact with one another is still unclear. Through our study, 
we provide strong evidence to show that topological and kinetics considerations each 
point to one composition, in which glass formation is most favoured. 
 
1.3 Scope of Thesis 
 
This thesis begins with an introduction (Chapter 1) followed by a literature 
survey (Chapter 2) on the development of, and properties of Al-based amorphous 
alloys; and the structural studies, models, and criteria that would later be invoked to 
explain and/or predict glass formation in the alloy systems in our study. The 
experimental procedures are described in Chapter 3. In our study of the GFA of Al-Ni 
binary alloys (Chapter 4) by melt spinning, the existence of a fully eutectic 
microstructure at hypereutectic compositions, pointed to a severely skewed eutectic 
coupled zone, and this composition range corresponded very well with the 
observation of possible glass formation. This prompted us to give equal focus to both 
 3
 4
the high and low solute content regions in our search for the optimum GFA in Al-rich 
Al-Ni-based alloys containing Zr, Hf and Ti alloys in Chapter 5. Two peaks in GFA 
in a single eutectic were found in the Al-Ni-Zr and Al-Ni-Hf, but not in the Al-Ni-Ti 
alloy systems. The unique GFA of these alloy systems were discussed from 
topological and kinetic considerations. The hypothesis that the optimum glass formers 
in the low and high solute content regions can be explained by topological and kinetic 
considerations, respectively, was eventually successfully proven in both the Al-Ni-Y 
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2.1 Introduction  
 
2.1.1 Development of Bulk Metallic Glass 
 
In 1959, the revolutionary work by Duwez et al at the California Institute of 
Technology thrust metallic alloys into the limelight, by the successful rapid quenching 
of an Au-Si alloy from melt in the laboratory, using a gun quenching technique, as 
shown in Figure 2.11,2. Since then, many binary and ternary metallic alloys have been 
found to form glass by quenching.  












Figure 2.1 Illustration of Gun Quenching Technique developed at the California  
Institute of Technology for the amorphization of metallic alloys, after Ref. [2]. 
 
The discovery of easy glass formation in Pd-based ternary alloys3 led to 
another milestone in the development of MG’s, when the alloy Pd-P-Ni was reported 
to form fully glass cylindrical rods with a diameter of 1 mm4. Subsequently, metallic 
alloys capable of forming fully glass phase exceeding 1 mm in diameter were coined 
‘bulk metallic glass’ (BMG’s), and is somewhat a prestigious label reserved for alloys 
with excellent GFA. Despite further improvements in the critical size for glass 
formation in the years to follow, since research and discoveries on these MG’s were 
often based on precious metals like Au5,6, Pd and Pt7-9, the hefty cost of the raw 
materials in this field thus severely limited their practical applications. 
Eventually much cheaper materials with comparable GFA was discovered in 
the early 1980’s, by a research center headed by Prof. Inoue in Tohoku University of 
Japan, which reported easy glass formation in La-based alloys10-12.  Empirical results 
also inspired Inoue to propose the three empirical criteria for glass formation: that the 
alloy should be a multi-component alloy system; that the constituent atoms should 
have widely differing atomic sizes exceeding 12%, and that the heats of mixing 
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between each of the atomic pairs should be negative13,14. Indeed, in the following two 
decades since, bulk glass formation has been discovered in many multi-component 
alloy systems with significant constituent atomic size mismatch based on Mg15-18, 
Ca19, Nd20 , Pr21, Zr22-25, Ti26, Cu27-30, Ni31, and Fe32. 
 In recent times, ever increasing size for full glass formation has been reported, 
especially in Zr-33, La-34 , Mg-35 and Fe-based36 alloy system. Despite much effort, 
the record for the largest critical size for full glass formation still stands at 72 mm in 
the Pd40Cu10Ni30P20 alloy system37. Nevertheless, with increasing understanding of 
the kinetics (Section 2.1.2) and thermodynamics (Section 2.1.3) factors governing 
glass formation in metallic alloys, researchers remain optimistic of  further increases 
in the critical size for full glass formation, that can be achieved. Figure 2.2 illustrates 
this linear relationship between the critical sizes for glass formation as a function of 
time. 
 
Figure 2.2 Critical casting thickness in cm for glass formation as a function of the  
year the corresponding alloy has been discovered, after Ref. [38]. 
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2.1.2 Understanding Glass Formation  
  
 The glassy state in metallic alloys exhibits an amorphous structure, where 
atoms are randomly arranged and lack the long range periodicity in their crystalline 
counterparts. Classically, solidification of an alloy from the molten liquid state takes 
place via heterogeneous nucleation (or homogeneous in the idealized state) and 
subsequent growth of the nuclei. In order to form glass, both the nucleation and 
subsequent growth must be effectively suppressed. If the steady state nucleation is 
assumed, the per unit volume crystal nucleation rate, Iv, is the product of a kinetic 
term, which depends on atomic diffusivity (or viscosity), and a thermodynamic term, 












v exp)(     (2.1) 
where Av is a constant, kB is the Boltzmann’s constant, T is the absolute temperature, 
η(T) is the viscosity of the melt and ΔG* the activation energy which must be 
overcome for the formation of stable nuclei. From classical nucleation theory, the 










      (2.2) 
where σ is the interfacial energy between the nuclei and the liquid phase, and the term 
ΔGl-s is the free energy difference between the liquid state and the crystalline state. 
This term is the driving force for crystallization; the lower is the driving force, the 
easier it is to form glass. This would be dealt with in further detail in Section 2.1.2.1. 
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The viscosity of a liquid, η, can be expressed using the Vogel-Fulcher-
Tamman (VFT) relation, 









TDT      (2.3) 
where D* is the fragility parameter which lies between 1 and 100, T0 is the VFT 
temperature, a temperature at which the barrier to flow tends to infinity, and η0 is a 
constant inversely proportional to the molar volume of the liquid. The fragility of a 
material describes the degree with which the viscosity of a supercooled liquid deviates 
from an Arrhenius behavior. “Strong” liquids (D* >> 20) have high equilibrium melt 
viscosity and show a more Arrhenius like temperature dependence of the viscosity. 
Silica glasses (D*=100), for example, is an extremely strong liquid, with large melt 
viscosities and very low VFT temperature. “Fragile” liquids (D* < 10) on the other 
hand have much lower parameter values below 10. Molten metals are considered 
“fragile” due to their very low fragility parameters of 1. The kinetics consideration 
shall be dealt with in more detail in the following Section 2.1.2.2. 
 
2.1.2.1 The Driving Force for Glass Formation 
 
 As has been mentioned earlier, high GFA are often related with low values of 
ΔGl-s, which is the free energy difference between the liquid state and the solid 
crystalline state. Large negative values of the term provide strong driving force for 
nuclei to form in the molten alloy, which triggers the eventual crystallization of the 
melt. On the contrary, for small values of ΔGl-s, the liquid state then remain stable for 
high undercooling, which increases its ease of glass formation once the Tg is breached. 
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Calorimetric studies has shown that this term can be calculated by integrating specific 
heat capacity difference, ΔCpl-s (T) according to the equation39, 














 000   (2.4)
 Clearly, for small values of ΔGl-s, the ΔHf term, which is the enthalpy of 
fusion, should be small, and/or the ΔSf term, which is the entropy of fusion, should be 
large. Since a multi-component alloy system should also increase the number of 
microscopic states plausible in a system, the entropy of fusion can be effectively 
elevated. A multi-component alloy system also increases the dense random packing, 
which should reduce the enthalpies of fusion.  Thus, multi-component alloy systems 
tend to be thermodynamically more favorable to form glass.  
 
2.1.2.2 The Kinetics of Glass Formation  
 
 By expressing the temperatures as a fraction of TL, the liquidus temperature of 













TDT      (2.5) 
It would be immediately apparent that for large D* values, and/or Tro, which is 
the reduced VFT temperature, the viscosity of the melt would tend to increase rapidly. 
High viscosities retard diffusion, and lead to sluggish kinetics in the supercooled 
liquids state. Formation of stable nuclei in the melt is greatly reduced, and further 
growth of the thermodynamically favored phases is inhibited by the poor mobility of 
the constituents. Both the nucleation and growth of crystalline phases are marred with 
difficulties, the supercooled liquid thus have much better GFA and higher thermal 
stability. Thermophysically, the avoidance of nucleation and its subsequent growth 
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can be most well represented by the time-temperature-transformation (TTT) diagram, 







































Figure 2.3 Schematic TTT diagram showing the high stability of the BMG  
forming supercooled liquid for long time-scale up to several thousand seconds,   
after Ref. [41].  
 
The TTT diagram showed the typical “C-shaped” curves since the 
thermodynamic driving force for crystallisation tends to increase with increasing 
undercooling, while effective diffusion of the atoms in the melt tends to decrease in 
the same range. Clearly, for good glass formers like Zr-based BMG’s, the critical 
cooling rate required to avoid the nucleation curve, and quench the alloy from melt to 
below the Tg is relatively lower. Since the cooling rate is inversely related to the 
critical size for full glass formation, these alloys typically exhibit excellent GFA 
easily exceeding 10 mm. The TTT curves of marginal glass formers like Al- and Ni-
based alloys, however, would have much shorter time scale, so that avoiding the nose 
of the nucleation curve to arrive at below the Tg is much more challenging, requiring 
significantly higher cooling rates. 
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2.2 Background to Al-based Amorphous Alloys 
 
2.2.1 Background to Al-based Alloys 
 
Aluminium (Al) in its isolated form and the electrolytic process to extract it 
was patented by Hall and reported independently by Héroult in 188641. Within just 
120 years. Al and its alloys gained such widespread applications and pervaded every 
part of our daily life that they are now the most widely exploited metal, second only 
to ferrous alloys. Al alloys has high strength to weight ratio surpassing that of steels, 
and has excellent corrosion resistance by virtue of a protective oxide film. They are 
highly malleable, ductile and easy to cast and machine.  
They also have good electrical and heat conductivity. Their common 
application lies in the transport industries such as in aircraft structural parts, 
automotive parts and bus bodies, which capitalize on the advantage of Al alloys as a 
high strength-light weight material. Almost pure Al A91100 has a tensile strength of 
about 90 MPa42, by employing conventional strengthening mechanisms such as solid 
solution strengthening, cold working, aging and heat treatment, tensile strengths for 
Al alloy A97075 can reach about 572 MPa42. Figure 2.4 illustrates the desirable 
mechanical properties of Al-based alloys as compared to other common engineering 
materials43. Due to the high strength to weight ratio, coupled with the fact that they 
are abundant and cheap, Al-based alloys’ success hardly comes as a surprise. 
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 Figure 2.4 Ashby Chart showing specific strengths of various common  
engineering alloys, moderate strengths coupled with low densities means Al-based  
alloys has one of highest specific strengths, after Ref. [43].  
 
2.2.2 History of Al-based Amorphous Alloys  
 
2.2.2.1 Binary Al-based Alloys 
 
Studies on the amorphous formation in Al-rich binary alloys started in the 
1970’s with additions of “metalloid” elements such as Si44 and Ge45. But it was not 
until the 90’s that Al-based binary alloys were reported to achieve fully amorphous 
microstructure with the addition of between 9-15 at% of Rare Earth elements like Y, 
La, Ce, Pr, Nd, Sm, Gd, Tb, Dy, Ho, Er, and Yb46-48. 
Reports on amorphous formation in Al-TM binary alloys were rare, those that 
do, often involved extremely high cooling rates in the order of 108 Ks-1. At such high 
cooling rates, localized amorphous structure were limited to only certain areas of the 
as-quenched material, rendering them almost impractical for much further application 
or characterization. For example, studies on Al-Cu49, Al-Ni50, Al-Cr51,52  and Al-Pd52 
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by gun quenching, produced highly localized amorphous structure only near the holes 
of the thin foils. 
In the study of the equilibrium eutectic alloy composition (Al82.7Cu17.3) in the 
Al-Cu binary system, non crystalline features were observed only in areas whose 
estimated quenching rate is estimated to be as high as 109 Ks-1 49. The amorphous 
forming ability was also found to be highly sensitive to the oxygen content of the 
atmosphere, as the oxide layer reduces thermal contact of the molten liquid with the 
substrate and thus affects the effective cooling rate. A study of an Al-rich alloy 
containing 7.15 at% of Ni splat cooled by the gun technique was reported to exhibit 
“contrast-less areas characteristic of an amorphous phase”50, but they were so unstable 
that they decompose to lamellar products during the course of the observation. The 
electron diffraction pattern of the “non-crystalline” regions in the Al-Cu and Al-Ni 
alloys reportedly showed a diffused ring typical of amorphous structure. Splat 
quenched Al-rich alloys containing 6.0 and 7.1 at% of Cr were also found to have 
localized amorphous structure, as evidenced by micrographs devoid of contrast and 
whose electron diffraction patterns showed only diffused maxima51. Al-Pd alloys 
were also similarly reported to exhibit localized amorphous structure by splat 
cooling52. In a more recent study, Al-rich binary alloy containing up to 30 at% Cu at 5 
at% interval and up to 20 at% Ni at 2 at% interval was melt spun at varying rotating 
copper wheel speed53. For all three of the Al-Fe, Al-Ni and Al-Cu binary alloy, no 
amorphous phase was found even at high rotating wheel speeds of 6000 RPM. Solid 
solution was found at lower Cu content below 20 at%, and the intermetallic Al2Cu 
surfaced for higher Cu contents. Similarly, the solid solution pervades throughout all 
wheel speeds employed up to 20 at% Ni. For sufficiently high wheel speeds, a 
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composite structure of amorphous and fcc-Al appeared, but no fully amorphous phase 
was found. Figure 2.5 summarizes these results. 










































     (a)      (b) 
Figure 2.5 Influence of composition and wheel speeds on the microstructure of  
melt spun ribbons of (a) Al-Cu and (b) Al-Ni alloys, after Ref. [53]. 
 
Mechanically milling of a series of Al-Hf alloys by the rod milling technique 
was reported to form a single phase amorphous structure54. The amorphization of the 
alloy composition Al50Hf50 after milling for 720 ks, was attributed to a mechanical 
driven solid-state amorphization reaction. The spherical powders formed were micron 
size with the largest being in the vicinity of 1 μm. 
Following the success of amorphous formation in Al-RE-TM ternary alloys, 
Inoue et al revisited Al-RE binary alloys. Surprisingly, these binary Al alloys 
possessed some glass formability48. Of these, the Al-Sm binary alloys were found to 
possess the largest glass forming range, followed by Al-Tb, Al-(Y, Nd, and Gd) and 
Al-(La, Ce, Dy, Ho, Er or Yb), and finally Al-Pr. Except for Al-Nd, the glass forming 
ranges were found to be at an off-eutectic composition. Concurrent studies on the 
amorphous formation of other Al-based binaries containing up to 15 at % of Ba, Ca, 
Ti55, Zr, Hf, Fe, Co, Ni yielded no significant results46. Table 2.1 summarizes the 
studies on the amorphous formation of Al based binary alloys by various methods to 
date. Clearly, Al-TM binary alloys require extremely high cooling rates to achieve 
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amorphization. Consequently, dimensions of the amorphous phase so formed were 
minute at the submicron size level, rendering further characterization or application 
impractical. Al-RE binary amorphous alloys, on the other hand, can be formed at 
cooling rates in the order of 106 Ks-1, producing ribbons typically 20 μm in thickness.  
 
Table 2.1 Amorphous formation by various quenching techniques and the critical  
thicknesses achieved in binary Al-based alloy systems to date. 
 
Alloy System Alloy Composition(s) Technique used Thickness, (μm) Ref 
Al-TM     
Al-Cu Cu 17.3 at% Splat Cooling < 1.0 49 
Al-Ni 7.15 at% Splat Cooling < 1.0 50 
Al-Pd 6.0 at% Splat Cooling < 1.0 52 
Al-Cr 6.0 and 7.1at% Splat Cooling < 1.0 51 
Al-Ti 10 at% Melt Spinning 11-15 55 
Al-Hf 33 – 75 at% Rod Milling < 1.0 54 
Al-RE     
Al-Y 9 – 13 at% Melt Spinning 20  46 
Al-La 7 – 11 at% Melt Spinning 20 46 
Al-Ce 7 – 11 at% Melt Spinning 20 46 
Al-Pr 10 at% Melt Spinning 20 47 
Al-Nd 8 – 12 at% Melt Spinning 20 47 
Al-Sm 8 – 16 at% Melt Spinning 20 47 
Al-Gd 8 – 12 at% Melt Spinning 20 47 
Al-Tb 9 – 14 at% Melt Spinning 20 48 
Al-Dy 9 – 12 at% Melt Spinning 20 48 
Al-Ho 9 – 12 at% Melt Spinning 20 48 
Al-Er 9 – 12 at% Melt Spinning 20 48 




2.2.2.2 Ternary Al-based Alloys 
 
Early studies of amorphous formation in ternary Al-based alloys were first 
reported in the alloy systems Al-B-(Fe or Co)56, Al-Si-Fe57, and Al-Si-Mn58. However, 
these amorphous alloys produced by melt spinning were often brittle and was of little 
practical purposes. In 1987, single phase amorphous formation in Al-based alloys 
with some ductility was reported by Inoue et al in melt-spun ribbons (MSR) of Al-Ni-
(Si or Ge)58. In the same study, it was reported that amorphous formation was found 
only in Al-Si-TM and Al-Ge-TM alloys where TM are limited to Mn, Fe, Co and Ni, 
but not for those where TM were Ti, Zr, V, Nb, Cr, Mo and Cu, this was despite a 
large compositional area was scanned (5-30 at% Si, 15-40 at% Ge and 5-30 at% TM). 
These Al-TM-Metalloid amorphous alloys were found to exhibit two humps in their 
XRD patterns, which were thought to originate from the Al-Al atomic interaction for 
the low angle hump (2θ = ~380); and the Al-TM and Al-metalloid atomic interaction 
for the higher angle hump59.  
Subsequently, amorphous formation was also reported in Al-ETM-LTM 
systems, where early transition metals (ETM) included: Ti, Zr, Hf, V, Nb, and Mo; 
and late transition metals (LTM) were namely Fe, Ni, Co and Cu60-64. No fully 
amorphous formation was found in Ta, Cr and W containing Al-based alloys. These 
as-spun ribbons were reported to possess good bending ductility (ribbons can be bent 
through 1800 without fracture and no appreciable cracking observed), especially for 
those with Al content exceeding 80 at%. The ribbons were also reported to possess 
tensile fracture strength as high as 800 MPa (surpassing that of conventional Al 
alloys), and high Vickers’ hardness (3330 MPa)61.  
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Like those in metalloid-containing Al-LTM based amorphous alloys, the 
amorphous formers in the Al-ETM-LTM alloy systems often possessed two regions 
of distinct mechanical behaviour: one at a lower solute content, often showed more 
ductile behaviour; and another at a higher solute content, which are often brittle. This 
was further verified in the recent work by Wang et al in an Al-Zr-LTM alloy system64. 
Moreover, all of the amorphous alloys reported were melt spun ribbons, with typical 
thicknesses of 20 μm or less64. As there were no further reports on amorphous 
formation for larger thicknesses in these alloy systems in recent times, it is intuitive to 
assume that the critical thickness for full glass formation for these alloy systems were 
likely at most 20-30 μm, or requiring high cooling rates in the order of 105 – 106 Ks-1. 
Tables 2.2 and 2.3 summarize the GFA of the compositions investigated in these Al-
Metalloid-TM and Al-ETM-LTM amorphous alloys, respectively. 
 
Table 2.2 Amorphous formation by melt spinning and the critical thicknesses  
achieved in ternary Al-LTM-Metalloid alloy systems to date. 
 
Alloy System Alloy Composition(s) Thickness, (μm) Ref 
Al-B-Fe Al60B20Fe20 20-30 56 
 Al50B20Fe30 20-30 56 
 Al50B30Fe20 20-30 56 
Al-B-Co Al60B20Co20 20-30 56 
 Al50B20Co30 20-30 56 
    
Al-Si-Fe Al69.6Si17.4Fe13.0 ~20 57 
Al-Si-Mn 12-30 at% Si, 12-20 at% Mn ~20 58 
Al-Si-Fe 12-30 at% Si, 12-18 at% Fe ~20 58 
Al-Si-Ni 14-25 at% Si, 8-25 at% Ni ~20 58 
Al-Si-Co 12-30 at% Si, 8-20 at% Co ~20 58 
    
Al-Ge-(Fe, Co) 22-32 at% Ge, 10-12 at% Fe or Co ~20 58 
Al-Ge-Ni 22-32 at% Ge, 8-12 at% Ni ~20 58 
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Table 2.3 Amorphous formation by melt spinning and the critical thicknesses  
achieved in ternary Al-LTM-ETM alloy systems to date. 
 
 
Alloy System Composition(s) Studied Thickness, (μm) Ref 
Al-(Mo, Zr, Hf)-Cu Al70(Mo, Zr, or Hf)10Cu20 20 60 
    
Al-V-Cu 5-15 at% V, 5-35 at% Cu 20 62 
    
Al-(Zr,Hf)-Fe Al70(Zr, or Hf)10Fe20 20 60 
    
Al-(Ti, Zr, Hf)-Co Al70(Ti, Zr, or Hf)10Co20 20 60 
    
Al-(Ti, Zr, Hf, V 
Nb, Mo)-Ni 
Al70( Ti, Zr, Hf, V Nb, or Mo)10Ni20 20 60 
    
Al-Zr-Ni 3-18 at% Zr, 8-32 at % Ni 20 61 
 1-7 at% Zr, 12-17 at % Ni 14-16 64 
The real break through in glassy Al-based alloys was in 1988 when He et al65 
and Inoue et al66-68 simultaneously reported the discovery of new glassy alloys with 
high GFA and good bending ductility in Al-RE-LTM systems. Inoue et al’s work 
were centered on Al-based amorphous containing rare earth (RE) elements like Y, La 
and Ce66-68. Simultaneously, He et al reported fully amorphous MSR’s in a 
Al87Ce4.3Fe8.7 alloy65, as well as several other Al-based alloys by replacing Ce with Y, 
Hf and Gd; and by replacing Fe with Ni, Co, and Rh. It was argued that the 
substitution of RE elements for ETM were more effective in increasing the GFA of 
the Al-based alloy system as the elements had greater attractive interaction as 
evidenced by the strong negative enthalpies of mixing between the constituent 
elements, and high melting points of the Al rich intermetallic compounds66. He et al 
“conjectures” that the unusual glass formability of the Al-based alloys in their study is 
attributable to the existence of eutectic regions that favours the metallic glass phase65. 
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Since multi-component alloy systems often exhibit good GFA, the fourth or 
the fifth element were eagerly added to the Al-based amorphous alloys on the basis of 
the ternary alloys with relatively good GFA. Of these, the alloys Al85RE5Ni10, where 
RE refers to Y, Ce, La and Gd were the key alloys most intensively studied.  
One of the key studies of GFA on Al-based alloys was based on the 
Al85Y10Ni5 alloy which exhibits a relatively wide supercooled liquid region of 25 K 
and a maximum ribbon thickness for glass formation of 120 μm69. As-spun ribbons 
produced by the replacement of 2 at% of Y with Co effectively widened the 
supercooled liquid region to about 35 K, and the critical size for glass formation also 
increased to 250 μm69, while the ribbon still retained much bending ductility. It was 
reported that when the ribbon thickness of this alloy Al85Y8Ni5Co2 was increased 
further to 710 and 900 μm, the SEM micrographs of these ribbons still showed a 
featureless contrast characteristic of a fully amorphous microstructure. In this study, it 
seemed that the addition of other LTM and ETM elements like Zr, V, Nb, Cr, Mn, Fe, 
Ni, and Cu to the Al85Y10Ni5 alloy; or Zr, V, Nb, Cr, Mn, Fe, Ni, Co and Cu to 
Al84Ce6Ni10 were much less effective in widening the supercooled region or 
enhancing the critical size for glass formation. 
Further addition of small amounts of B to this Al-Y-Ni-Co system was 
reported to widen the supercooled liquid region70. An optimal addition of 1.2% Sc to 
the Al85Y8Ni5Co2 system was reported to further extend the supercooled region to 38 
K71. Addition of Mm, which was typically rich in rare earth metals, was found to 
narrow the supercooled liquid region72. More recently, further replacement of Y with 
Zr or Sc, was found to extend the supercooled liquid region further to 50 K73. 
 However, how the extension of the supercooled liquid region is directly 
beneficial to the GFA of these Al-Y-Ni-Co based amorphous alloys was not 
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satisfactorily studied. Despite an increase in parameters that suggests better thermal 
stability, addition of Be to a Al-Y-Ni-Co alloy also failed to enhance the GFA74. Thus, 
despite much effort, the experimentally repeatable largest critical size for glass 
formation to date in the Al-Y-Ni based amorphous alloys system is still ~250 μm. 
For the Virginia group, initial research commenced from the discovery of 
good GFA in Al-Gd-Fe alloys65,75,76, in a study of the GFA of a series of Al-Gd-Fe-Ni 
alloys by varying the rotating copper wheel speeds to increase the ribbon thickness, it 
was found that the optimum ribbon thickness for full glass formation was up to 250 
μm for alloys in the vicinity of Al87Gd6Ni6Fe1 and Al85Gd6Ni6Fe377. Guo et al took a 
step further and replaced all the Fe content with Ni, reducing the alloy to a ternary 
alloy, yet it was found that the ternary alloy Al87Gd6Ni7 possessed as good a GFA 
(~300 μm) as the quarternary alloy78. Further replacements of Al with other metalloid 
elements like B, Si, P, Ge and Ga; Gd with other RE elements like Y, Sm and Eu; and 
Ni with other LTM elements like Fe and Co could only extend the glass formation 
range, but not the GFA78.  
More recently, using a wedge casting technique, Sanders et al studied the GFA 
of a series of Al-La-Ni alloys, and the composition Al87La5Ni9 in the Al-La-Ni alloy 
system was found to exhibit the highest GFA with a maximum critical thickness for 
amorphous formation of 780 μm, although sample to sample variation in the critical 
size was quite pronounced79.  Another recent study of the GFA of Al-RE-Ni where 
RE included Pr, Nd and Ce, concluded that the effect of the RE studied on the GFA of 
these Al-Ni based amorphous alloys were similar (80-95 μm) and the best glass 
former of these alloy systems were all located at the same point of Al85RE5Ni1080. 
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 Summarily, despite several decades of research and studies on the GFA of Al-
based amorphous alloys, no BMG has yet to be discovered in this class of alloy 
system. Empirically, the critical size of Al-RE-LTM based amorphous alloys are in 
the vicinity of 250-300 μm, although there were some reports of larger GFA in Al-La-
Ni81 and in the Al-Y-Ni69 alloy systems. Table 2.4 summarises some of the key 
amorphous Al-RE based alloys and their GFA reported to date.  
 
Table 2.4 Amorphous formation by melt spinning and wedge casting, and the  
critical thicknesses achieved in key multinary Al-LTM-RE alloy systems to date. 
 
Alloy System Composition(s) Studied Thickness (μm) Ref 
Al-Ce-Fe Al87Ce4.3Fe8.7 ~15 65 
 Al87Ce6.3Fe6.7 ~15 65 
 Al90Ce5Fe5 ~15 65 
 2-10 at% Ce, 2-10 at% Fe ~20 67 
Al-Ce-Ni Al87Ce4.3Ni8.7 ~15 65 
 2-10 at% Ce, 2-30 at% Ni ~20 67 
 Al85Ce5Ni10 80-95 80 
 Al85Ce5Ni10 15-25 82 
Al-Ce-Co Al87Ce4.3Co8.7 ~15 65 
 2-10 at% Ce, 2-15 at% Co ~20 67 
Al-Ce-Cu 5-10 at% Ce, 2-15 at% Cu ~20 67 
Al-Ce-(Mn, Cr or V) 10 at% Ce, 2-5 at% Mn, Cr, or V ~20 67 
Al-Ce-Nb 6-10 at% Ce, 2-10 at% Nb ~20 67 
    
Al-Dy-LTM Al85Dy8Ni5Co2 15-20 83 
    









Table 2.4 (Continued) 
 
Alloy System Composition(s) Studied Thickness (μm) Ref 
Al-Gd-LTM Al87Gd4.3Fe8.7 ~15 65 
 Al90Gd5Fe5 15-25 82 
 Al87Gd6Ni7 ~300 78 
 Al85Gd6Ni6Fe3 ~250 77 
 Al87Gd6Ni6Fe1 ~250 77 









    
Al-La-Fe 5-15 at% La, 5-20 at% Fe ~20 66 
Al-La-Co 2.5-15 at% La, 5-20 at% Co ~20 66 
Al-La-Cu 7.5-10 at% La, 2.5-7.5 at% Cu ~20 66 
Al-La-Ni Al86La5Ni9 ~780 79 
 Al85La6Ni9 ~670 79 
 Al85La5Ni10 ~640 79 
 5-15 at% La, 2.5-20 at% Ni ~20 66 
    
Al-Sm-LTM Al88Sm8Ni4 ~30 84 
 Al85Sm8Ni5Co2 15-20 83 
    
Al-Y-Fe 5-15 at% Y, 2.5-10 at% Fe ~20 66 
Al-Y-Ni Al87Y4.3Ni8.7 ~15 65 
 2-20 at% Y, 3-20 at% Ni ~20 66,68,85
 Al85Y8Ni5Co2 ~250 69 
 Al85Y6Nd2Ni5Co2 86 
 Al85Y4Nd4Ni5Co2 86 
 Al85Y4Mm4Ni5Co2 10-20 72 
 (Al85Y8Ni5Co2)95Sc5 71 
 Al85Y6Ni5Co2(Zr or Sc)2 73 
 Al85Y6Ni5Co2Pd2 87 
 Al85Y6Ni4Co2Cu1 88 
Al-Y-Co Al87Y4.3Co8.7 ~15 65 
 2-15 at% Y, 5-17.5 at% Co ~20 66 
Al-Y-Cu 7.5-20 at% Y, 2.5-20 at% Cu ~20 66 
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2.3 Mechanical Properties of Al-based Amorphous Alloys 
   
Unlike crystalline materials, amorphous alloys are free from the weaknesses 
associated with crystalline defects such as grain boundaries and dislocations38. Thus 
amorphous alloys often exhibit extraordinary corrosion resistance and mechanical 
properties14. Bulk amorphous steel for example has an estimated compressive strength 
in the order of 3.0 GPa89, which outperforms tempered martensitic stainless steel alloy 
440A (tensile strength 1.79 GPa42).  With this in mind, it is hoped that Al alloys could 
also have improved properties by virtue of being fully amorphous. 
 As reported earlier61, the single phase amorphous ribbons reported in Al-Ni-Zr 
alloy system was already found to exhibit high tensile fracture strength (σf = 800 
MPa), Young’s Modulus of Elasticity (E = 80.4 GPa) and Vickers’ Hardness (Hv = 
3330 MPa) well above that of conventional Al-based crystalline alloys. With the 
advent of new amorphous formers in the Al-RE-TM alloy systems, ever increasing 
mechanical strengths were being reported.  The alloys Al87Y8Ni5, (σf = 1140 MPa, E 
= 71.2 GPa66) Al85Ce5Ni10 (σf = 935 MPa, E =59.4 GPa67) and the Al90Ce5Fe5 (940 
MPa65)  were found to exhibit exceptional tensile fracture strengths almost double that 
of one of the strongest Al-based crystalline alloys (572 MPa42). Quaternary 
amorphous alloy were found to possess slightly higher strengths above 1200 MPa, eg 
Al85Y8Ni5Co2, (σf = 1250 MPa, E = 74.0 GPa69), and Al85Gd6Ni6Co3, (σf = 1280 
MPa, E = 74.0 GPa69). To date the fully amorphous Al-based alloy with the highest 
reported tensile fracture strength was that of (Al85Y8Ni5Co2)95Sc5 (σf = 1505 MPa, E 
= 78.1 GPa71). 
 The ultra high mechanical strengths in the Al-based amorphous alloys were 
often attributed to the strong interactive force between the constituent elements67,71.  
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This was especially so for RE containing Al-based amorphous alloys, where the heats 
of mixing, apart from playing an important in enhancing the GFA of the alloys, was 
also responsible for increasing the mechanical strengths of the ribbons. A systematic 
study of a series of Al-Y-Ni alloys by Freitag et al showed a linear correlation 
between the Young’s Modulus and the Tx of the alloys90. Since the Tx of alloys are 
closely related to the structure and the short range order of the amorphous phase, 
strong interactive forces between the constituent elements can be directly responsible 
for the enhanced Young’s Modulus and mechanical properties of this class of 
materials.  
 Furthermore, the fracture surface of the ribbons subject to the tensile tests 
often showed a vein pattern, characteristic of the fracture surface of other amorphous 
alloys. Fracture surface of Al-Ce-Ni wires91, and that of Al-Cu-Mg-Ni ribbons92 were 
reported to exhibit vein like patterns. 
Intriguingly, despite the ultra high mechanical strengths associated with fully 
amorphous Al-based alloys, soon, crystalline particles in this class of alloys caught 
the attention of many researchers. By varying the rotating copper wheel speeds or the 
ejecting temperature of the molten alloy, Kim et al found that a microstructure of 
finely dispersed fcc-Al particles embedded in an amorphous matrix could markedly 
enhance the tensile fracture strength of the as-spun ribbons of the alloy Al88Y2Ni9(Fe 
or Mn)193, and subsequently in Al88Y2Ni9(Fe, Co or Mn)194 and Al-Y-Ni alloys95. 
The nanoscale fcc-Al particles were found to be almost defect or solute free (lattice 
parameters, a0 = 0.405 nm, almost identical to that of pure Al, a0 = 0.4047 nm), were 
uniformly dispersed in the amorphous matrix, and has diameters ranging from dm = 3-
10 nm, depending on the alloy composition and the rotating copper wheel speeds. 
Apart from producing the nanoscale fcc-Al particles by direct quenching from melt, 
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Chen et al, also introduced isothermal annealing at a temperature just below the 
crystallization temperature to induce devitrification of fcc-Al crystals. The spherical 
fcc-Al crystals so produced has a lattice parameter, a0 = 0.4 nm and were just 8 nm in 
diameter76. 
 In terms of their contribution to the tensile fracture strength of the class of Al-
based amorphous alloys, the uniform dispersion of nanoscale fcc-Al particles (lattice 
parameters, a0 = 0.4047 nm, dm = 3-30 nm) in an amorphous Al88Ce2Ni9Fe1 alloy 
was reported to elevate the tensile fracture from about 1100 MPa for the fully 
amorphous phase to a maximum of 1560 MPa for a volume fraction of about 25%96.  
Because the fcc-Al nanocrystals were almost defect-93-95 and solute-free97, the 
tensile strengths of these nanoscale particles were thought to approach that of their 
theoretical shear modulus, shear strength, and hardness (7.96 GPa)98. These perfect 
nanoscale particles with theoretical high strengths were thought to act as a powerful 
resistance to deformation in the amorphous matrix, contributing to ultra high 
strengths99.  But how these nanoscale crystals interact with the operation of the shear 
band has not been fully explored. Recently Kim et al has also proposed the phase 
mixture model98,100, where the strengths of both the amorphous phase and the 
nanophase contributed to the effective overall strength of the composite via the rule of 
mixture. Zhong101 and Greer102 preferred to attribute the strengthening effect to the 
solute enrichment of the amorphous phase as a result of solute rejection during the 
formation of these perfect nanoscale fcc-Al crystals.  
 Clearly, the effective strength of the composite then depends on the type and 
quality of the nanoscale crystals and the volume fraction of these crystals in the 
matrix. Indeed, when the optimum size of the fcc-Al nanocrystals (10 nm) and/or the 
optimal volume fraction (20%) in the amorphous matrix was breached in an Al-Ni-Y 
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alloy, the alloy was found to experience a ductile-to-brittle transition, accompanied by 
deterioration in strength93. The design of the size, distribution, and volume fraction of 
these nanoscale fcc-Al crystals is then of much interest. Apart from inducing direct 
quench-in nanocrystals by lowering the rotating copper wheel speed (lowering 
cooling rate) or compositional variation , other isothermal, isochronous heat treatment 
of the as-quenched ribbons to induce crystallization of the nanoscale fcc-Al, and 
recently, deformation induced nano-crystallization has also been actively studied.  
   
2.4 Structural Studies at the Atomic Level of Amorphous Alloys 
 
While the problem of determining the structure of crystalline materials 
involved only of identifying the coordinates of all the atoms in a unit cell, albeit with 
more difficulties in complex crystal structures, the structure can be determined 
precisely. On the other hand, glassy structures can so far be described only on a 
statistical basis, due to the lack of long range order, and due to the uniquely different 
environments surrounding each atom.   
Classically, the structure of metallic glasses at the atomic level are either 
based on Bernal dense random packing (DRP) structure of hard spheres103, or 
Gaskell’s local coordination model104. Bernal’s empirical model originally referred to 
the dense random packing of spheres, all of which were of the same diameter as in a 
monatomic liquid, and were infinitely hard. The structure can be described as an 
admixture of only five simple Voronoi polyhedrons (or Wigner-Seitz cells) (see 
Figure 2.6)103, of which the tetrahedral and octahedral arrangements were found to be 
in the majority. Initially based on monatomic liquids, this structural model’s 
applicability is somewhat limited to alloys whose constituent elements were of the 
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same radius, and/or where chemical short range order (CSRO) is negligible105.  But 
most of the glasses as we know them today are hardly monatomic.  
 
Figure 2.6 Polyhedra formed by the dense random packing of hard spheres,  
according to Bernal [103]. 
 
Later Bennett106 discussed the role of composition in metallic glass formation, 
partly on the basis of a structural model of amorphous alloys proposed earlier by 
Polk107, where the metalloid atoms occupy the skeletal interstices or “holes”. Despite 
efforts to modify the model to better fit the calculated and measured Partial 
Distribution Function (PDF), fundamental problems still exist for this model, 
probably simply because its initial assumption of random packing of hard spheres of 
the same size. Even the concept of random packing for amorphous structures might 
have to be thrown out the window due to much evidence of active solute-solute 
avoidance, due to the glaring lack of nearest neighbour solute-solute pairs. 
The basic coordination polyhedron in Gaskell’s local coordination model is 
that of a trigonal prism, linked in one of the two ways as illustrated in Figure 2.7104, 
and a non-periodic array of such prisms makes up the glassy structure. Early studies 
has shown that this model performed better than the DRP model for alloys with 
metalloid content far exceeding 20 at%. Duboi et al further developed this into the 
chemical twinning model to apply to metal-metal glasses where the minor component 
is more than 15% smaller than the solvent108. According to this model, GFA should be 
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greatest when there are competing types of twinning in the alloy, and has successfully 
used this modeling to develop glass forming compositions in Al-based alloys109. 
 
Figure 2.7 (a) Regular trigonal prismatic coordination polyhedron and (b) edge-
sharing of polyhedra observed in the Fe3C, cementite structure, after Ref. [104]. 
 
With the easy availability of high-speed computers, experimentalist are more 
equipped to interpret the structural data collected and more sophisticated structural 
modeling could be proposed. The methods involved broadly fall into two categories: 
(1) modeling of the system followed by a comparison of the calculated structure with 
the experimental data; and (2) fitting 3-D models of the system to the data, by means 
of iterative structure refinement methods. The modeling of liquid structure by Monte 
Carlo, Quantum Monte Carlo, molecular dynamics, Ab Initio Molecular Dynamics or 
integral equation methods is now well established. After the model has been 
generated by the model, further refinements such as the Reverse Monte Carlo (RMC) 
and Empirical Potential Structure Refinement (EPSR) methods are now commonly 
used. The PPDF or partial structural factors are calculated from the initial atomistic 3-
D computer model and compared with the actual experimental data. The RMC or 
EPSR methods are used to refine the model until the model data agrees sufficiently 
well with that of the actual data. 
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From the first DRP model, to the computer models generated today, many 
structural models for the glassy phase has been developed. Unfortunately, these 
models often tend to be system-specific: that is, they could explain the structures of 
some glassy structures, but lacked applicability to all or most of the BMG’s. This is 
most likely due to the high complexity of glassy structures per se, and also because 
glassy structures probably also differ markedly between different alloy systems. 
While we were somewhat successful in modeling the SRO of glassy structures, even 
less understood is the medium range order (MRO), or how each local structural unit is 
arranged or connected to fill the 3D space105. And to take this a step further, how this 
SRO and MRO eventually affect the GFA of an alloy is still highly speculative. 
 
2.4.1 Atomic Level Structural Studies of Al-based Amorphous Alloys 
 
Thus far, structural studies at the atomic level on Al-based amorphous alloys 
were almost exclusively on Al-RE-LTM glass formers, using various high energy 
scattering techniques such as neutron scattering110,111, X-ray scattering110,111, X-ray 
Absorption Fine Structures (XAFS) and Extended XAFS (EXAFS)112. Table 2.5 
summarises all of these studies to date, and the results unanimously showed a 
pronounced shortening in the Al-LTM pair correlation, which reflects the shortening 
of the distance and bond length between the Al-LTM pair. The shortening was often 
attributed to strong electronic interaction between the Al and LTM atoms110-112. 
Indeed, unfilled d-orbital’s of LTM atoms were reported to hybridize strongly with 
the s-p outer shell of Al atoms, leading to strong covalent-like bonding for 
aluminides113-116. There was however no evidence of such intense electronic 
interaction between Al and the RE atoms. The bond length between Al and the large 
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RE atoms were not significantly shortened, and the bonding was thought to retain its 
metallic character110-112.  
In terms of the connection of these observations to the GFA of Al-RE-LTM, it 
was believed that the strong interaction and covalent like bonding between Al and 
LTM could hinder crystallization by retarding diffusion, and increasing the packing 
density of the supercooled liquid117,118. The strong bonding also enhances SRO which 
is also thought to be beneficial to the GFA of alloys. The role of RE in the GFA was 
then thought to enhance the interaction intensity between the Al-LTM atomic 
pair117,118. The role of an RE atom in the GFA was then much like a “matchmaker” or 
a catalyst. It draws the Al-LTM pair together to increase their interaction, and yet 
remain relatively inert to the charge transfer. If this were true, and since only RE 
containing Al-based alloys were found to vitrify with relative ease, what distinguishes 
RE from other elements in fulfilling this catalyst role is still unclear. 
According to the hypothesis that strong interaction between Al-LTM could 
contribute to glass formation, then we might expect Al-LTM binary alloys to 
amorphize with ease. Yet in the review of the history of amorphous binary Al-based 
alloys in Section 2.2.2 and summarized in Table 2.1, we have established that no 
amorphous single phase by melt spinning technique could be found for almost any Al-
TM binary alloy.  
While our understanding of the local structure in glassy phases are maturing, 
our concept of how these structural units are interconnected to fill 3D space and how 
their structural arrangement are ultimately linked to the GFA of an alloy are still in 
the preliminary stage. More research is necessary to shed light on this fundamental 
issue which may eventually help us locate glass formers efficiently. As of now, often 
we have to rely on the good old classical criteria and models to locate glass formers. 
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Al90Ce5Fe5  Melt Spinning 15 Neutron, XRD 2.51 6.2 3.30 -- 111 
Al90Ce3Fe7 Melt Spinning 15 Neutron, XRD 2.49 6.3 3.25 -- 111 
         
Al90Ce5Fe5  Melt Spinning 15 XRD 2.43 ± 0.05 4.9 ± 2.4 3.26 ± 0.04 14.0 ± 1.6 110 
Al90Ce3Fe7 Melt Spinning 15 XRD 2.52 ± 0.04 6.4 ± 2.1 3.27 ± 0.05 11.0 ± 2.3 110 
Al90Ce5Fe5 Melt Spinning 25 XRD 2.49 -- 3.25 -- 117 
         
Al84Ce8Co8 Vapor Quench. 1 EXAFS, XANES 2.421 6.4 ± 0.2 -- -- 112 
Al80Ce10Co10 Vapor Quench. 1 EXAFS, XANES 2.423 5.8 ± 0.2 -- -- 112 
Al80Ce10Co10 Vapor Quench. 3 EXAFS, XANES 2.420 5.9 ± 0.2 3.112 13.2 ± 0.8 112 
Al80Ce10Fe10 Vapor Quench. 3 EXAFS, XANES 2.456 6.4 ± 0.2 3.093 13.7 ± 1.3 112 
         
Al87Ce3Ni10 Melt Spinning NA XAFS 2.449 ± 0.02 6.89 ± 0.5 -- -- 119 
Al85Ce5Ni10 Melt Spinning NA XAFS 2.438 ± 0.02 7.91 ± 0.5 -- -- 119 
Al85Ce3Ni8Cu2 Melt Spinning NA XAFS 2.537 ± 0.02 8.09 ± 0.5 -- -- 119 
Al87Ce3Ni10 Melt Spinning NA XAFS -- -- 3.20 ± 0.05 5.27 ± 0.8 119 
Al85Ce5Ni10 Melt Spinning NA XAFS -- -- 3.18 ± 0.05 5.36 ± 0.8 119 
         
Al87Nd6Ni7 Melt Spinning 15 Neutron Scattering 2.46 10.9 3.26 14.2 120 




2.5 Current Criteria/Parameters/Structural Models to locate Metallic 
RG
 
One of the most classical criteria to locate glass was based on the avoidance of 
nucleation, established by the work of Turnbull. The homogeneous nucleation rate of 
a liquid alloy was expressed as122, 
Glass 
 
























m       (2.8) 
where, kn is a model specific constant, b is a constant determined by the nucleus 
shape, N is the Avogadro’s number, V the molar volume, σ the solid/liquid interfacial 
energy, η is the viscosity of the melt, ΔHm and ΔSm are the enthalpy and the entropy 
of melting respectively, R is the gas constant, T  is the reduced temperature T/T , and 
nucleation of pure metals, where the following values were assumed and plugged into 
Equatio
r m
ΔTr is the reduced undercooling (Tm-T)/Tm. By considering only homogeneous 
n 2.6: 
kn = 1032 poise, η = 10-3.3 exp [3.34/(Tr-Tg)] poise 
 
b = 16π/3,  α = ½,  β = 1 
The classical plot of Log I against the reduced temperature for various Trg 





nts an arbitrary nucleation rate below which, the solidified microstructure can 
be considered fully glassy. The plot clearly shown that for high reduced glass 
transitions above 2/3, nucleation rate will be so low that the undercooled liquid can 
easily solidify to a glassy state.  For lower Trg values of say 1/2, much higher cooling 
rates (~107 Ks-1) are required, and the critical size for full glass formation will then be 
compromised.  
2.8 Homogeneous nucleation rate, Log I vs reduced temperature, Tr plot  
allic liquids with various TRG values. Dashed line at Log I = -6, below which  
the solid is taken to be fully glass, after Ref. [122]. 
 
Considering that the melting temperature is the lowest at the eutectic point for 
alloys, while the glass transition temperature for an alloy typically rises only gently 
with composition, the eutectic composition is a point at which the Trg of an alloy 
system is naturally the largest. The virtue of Turnbull’s analysis lies in its implication 
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that good glass formers should typically be located at or near 
alloy system, which was extremely useful in locating many early bulk glass form
However, the criterion does have its inadequacies. Chiefly, the reduced glass 
transition was denom elting temperature, m
temperature, TL, which may be one and the same for eutect
metals, but not for all other alloy compositions. Later, Lu et al123 pointed out that 
reduced glass transition temperatures denominated by TL g
 
requirement imposed by Turnbull that nucleation rate of a liq
melt must be below 10-6 cm-3.s-1 for it to qualify as a metallic glass. Recently our 
group has developed a practical strategy that focuses more on the growth and the 
suppres
2.5.2 Li’s Phase Competition - Suppression of Growth of Nuclei 
 
Recently our group has extended the classical solidification theory125 to 
include glass as yet another competing phase. By treating glass as a
alongside the eutectic phase, and primary phases, then during undercooling, the phase 
with the highest growth tip temperature, Ti will prevail and is the phase s
observed in the final microstructure. Thus complete suppression of crystal growth will 
be expected when Tg exceeds Ti  of all other competing phases. For a binary eutectic, 
the condition for glass formation can thus be represented as , 
the eutectic point of an 
ers.  
inated by the m T , and not  the liquidus 
ic compositions and pure 
ave much better correlation 
with the GFA than those denominated by Tm.  
The discovery of bulk glass formers, with large critical size at off-eutectic 
compositions124, and where Trg values are inevitably depressed, again highlighted 
Turnbull’s criterion’s inadequacies. At the heart of the matter is the stringent
uid alloy quenched from 
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where the growth tip temperatures of the eutectic, α and β phases are defined as  
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     (2.12) 
where G is the temperature gradient, D is the diffusion coefficient of the solute in the 
liquid melt, V is the growth rate, KEu, Kα, and Kβ are the growth constants of the 
Eutectic, α and β phases respectively, and n is a constant ranging from 1/3 to ½. The 
quidus temperatures of α and β are com sitional dependent, and are expressed as,   li po
 EuEul CCmTT      (2.13) 
 EuEul  CCmTT     (2.14) 
Omitting the negligible G effects at high V’s, substituting Equations 2.13 and 
2.14 into 2.11 and 2.12 respectively, and rearranging the equations to express the 
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 Thus with the condition of the critical cooling rate (V ) defined in Equations 




forming zone, together with other morphologies in a growth velocity, V, against 
composition, C space, as shown in Figures 2.9a and b below, for regular eutectic and 





Figures 2.9 (a) A regular eutectic system with a symmetrical eutectic and glass  
forming zone, and (b) an irregular eutectic system with an asymmetrical (skewed) 
eutectic coupled and glass forming zone; and the growth temperature of the 
constituents as function of the growth rate, after Ref. [127]. 
 
Apparent from the figures above is that there exist two main classes of eutectic 
coupled zones: symmetric (Figure 2.9a) and asymmetric (Figure 2.9b) coupled zones. 
A symmetric eutectic coupled zone is associated with regular eutectic growth and 
always encompasses the eutecti
 
  
c composition for all growth conditions and reflects 
the sim
microstructure of primary α + eutectic is observed will be extended beyond the 
ilar growth behaviour of the two primary dendrite phases, α and β. However, 
in the case where one of the phases, such as β phase in the figure above, grows in a 
faceted manner, then the eutectic coupled zone would be skewed towards the faceted 
phase, due to the persistence of growth difficulties even at high undercoolings. In 
essence, at high growth velocities, due to the relative ease of growth of the non-
faceted α phase over the faceted β phase, the compositions over which a 
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equilibrium eutectic composition, at the expense of the composition range over which 
primary β + eutectic is formed.  
Based on the understanding that glass formation is essentially about avoiding 
detectable crystallization, Turnbull’s122 early work imposed a stringent criterion that 
glass can be formed only when nucleation of crystals does not exceed a nucleation 
-6 cm-3·s-1.  Li and coworkers128,129  has proposed that glass can still be 
formed if the growth of the nuclei is su
parts of Figures 2.9, essentially, when the cooling rate is sufficiently high at the 
c
be formed. On both sides of this glass forming region, the primary phase, since they 
melt adjacent to the growth tip becomes increasingly enriched, until the eutectic 
composition is reached and the remaining liquid tr
Therefore at compositions on both sides of the glass forming region, a composite 
morphology of glass+α or glass+β is observed. At yet higher cooling rates, glass 
formation becomes increasingly easier and the glass forming zone expands at the 
expense of the primary phases.  
The virtue of this analysis lies in the practicality in the search for glass formers 
in alloy systems. Essentially, our group has established that the glass forming region 
is enclosed on both sides of the composition range by alloys capable of forming 
similar sized composites (glass+α or glass+β). Therefore, by closely monitoring the 
microstructure as the composition is varied, one could effectively and efficiently 
pinpoint the glass forming range and locate the best glass former. This practical 
rate of 10
fficiently suppressed. Translated to the top 
critical cooling rate V Eu, to avoid nucleation and/or growth of the crystals, glass will 
require higher undercoolings as compared to the eutectic phase, continue to appear in 
the morphology. Due to the rejection of solutes as the primary phase grows, the liquid 
ansforms directly to glass. 
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In 1984, Egami and Waseda  surveyed 66 binary amorphous alloys and 
concentration for amorphization by rapid quenching. The change from a single phase 
average atomic-level elastic strain due to volume mismatch equal or exceeds a critical 
2.5.3 Egami’s Topological Instability Criterion 
131
proposed a topological instability criterion that described the minimum solute 
crystalline solid solution to a supercooled liquid (amorphous ) phase occurs when the 
λ0) for topological instability. Mathematically, it has empirically been shown 











C    (2.18) 
where 
le glass, and rA and rB are often the standard 
Goldsc dt a  equation could 
be furt ge
minimum atom al atomic volume ratio of each solute 
elemen
CBmin is the minimum atomic concentration of solute atoms B in the solvent 
matrix of atoms A needed to form a stab
hmi tomic radii of solvent A and solute B respectively. This
her neralized to the ternary systems by summing the products of the 













 CCBB rCrC  (2.20) 
where B and C are two solute elements and A is the matrix solvent element.  
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 Essentially, this criterion defined a point at which the addition of the solute 
causes the topological arrangement of the alloy structure at the atomic level, to cease 
to favo
 
Empirically, Inoue has established that alloys satisfying the following three 
empirical rules are easy glass formers : 
1) multicomponent systems with three or more elements; 
2) significant mismatch in atomic sizes above about 12% amongst the 
main constituent elements; and 
3) negative heats of mixing (ΔHmix<0) amongst the main constituent 
elements. 
It was theorized that BMG’s that satisfy the above threes rules can have higher  
degree of dense and randomly packed atomic configurations; new local atomic 
configurations, which are different from those of the corresponding crystalline phases; 
and a homogeneous atomic configuration on a long-range scale.  
ur the nucleation and growth of the solid solution, the structure thus becomes 
unstable and adopts the glassy phase instead. In general, this criterion was found to 
match with experimental results only for techniques of very high cooling rates such as 
melt spinning131. However, in the search for bulk glass formers with large critical 
sizes, this criterion is hardly useful. One main criticism of this criterion was that it 
considers only the standard atomic sizes, whereas electronic interactions could 
significantly alter the effective atomic size, as has been shown in Section 2.5.1, and 
thus impact the topological landscape of the alloy. The consideration of actual 
effective atomic size in the amorphization criterion should then be used instead. 
 
2.5.4 Other Criteria and Parameters to Locate Glass 
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2.5.5 Miracle’s Efficient Cluster Packing (ECP) – Structural Model  
 
aseda131) 
that places an overriding importan n th
e showed that there 
were at most four topological distin pec
this model, the solute species with the largest atomic size will form the primary α-
centric-clusters, with the solvent atoms, Ω, only in the first coordination shell, 
forming the main building blocks. The clusters in the system can further maximize 
space filling by adopting topological arrangement mimicking close-packed structures 
of the crystalline materials counterparts, that is, the α-centric clusters can be arranged 
in simple cubic (sc), body centered cubic (bcc), face centered cubic (fcc) or hexagonal 
closed pack (hcp) structures. As in the crystalline counterparts, in the midst of such 
close-packed structures are octahedral and tetrahedral sites where secondary solutes, 
 respectively, may reside to further maximize space 
lling.  
More recently, Miracle has proposed the efficient cluster packing (ECP) 
model132-134 which is also a topological consideration (as in Egami and W
ce o e standard Goldschmidt atomic size of the 
species in a multi-component metallic glass former. In fact, Miracl
ct s ies, based on their standard atomic sizes. In 
designated as β- and/or γ-solutes
fi
For each type of cluster packing structure, the number of Ω, β, and γ-sites per 
α-site can be easily deduced. Therefore, for each α-site, there is Ŝβ amount of β-sites 
and Ŝγ amount of γ-sites. The Ω-atoms in the first shell of an α-cluster are shared with 
φ overlapping nearest neighbor clusters. The total number of Ω-sites can thus be 
calculated as: 
ŜΩ =  {CN / [1+(φ/CN)]}   (2.21) 
where CN is the coordination number around the α-solute as specified by the 
atomic size ratio134.  
 42
The total number of structural sites is simply the summation all the sites as discussed. 
∑  j Sj = Ŝα + ŜΩ  + Ŝβ + Ŝγ   (2.22) 
tes, 
Ši = ∑  j Ŝ(ij) 
 (2.24) 
Al-RE-LTM glass forming system, we 
would 
t
Recently, Wang et al135 has proposed a modification to Miracle’s ECP model 
that included considerations neglected in the original. The key modification is the 
consideration of chemical affinity between atomic species, in the form of their heat of 
mixing
ir
The site occupancy is the number of species i that occupy the j-sites per α-site. The 
total number of species i per α-site is obtained by summing over all j-si
   (2.23) 
Thus, the concentration in atomic percent of species i is given by, 
Ci = 100 Ši / ∑  j Sj   
The efficient cluster packing model thus makes it possible for a user-friendly 
quantitative prediction of the glass forming composition. While it was claimed in his 
work that the model gave “good agreement”134 between predicted and experimental 
observed topology of glass formers in the 
prefer to regard the above predictive modeling as at best indicative of the real 
amorphous forming composition. The level of agreement between predicted and 
experimental observed topological compositions will be scru inized in later chapters.  
 
2.5.6 Modified ECP Model 
 
. Therefore, instead of the largest solute atom taking the central role, as in the 
ECP model, the solute-solvent pair having the highest negative heat of mixing, with 
the solvent atoms in the f st shell, would function as the structure forming α-solute 
centric clusters. These clusters will preferably adopt the fcc packing due to its much 
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denser packing efficiency. The secondary solute atoms are then thought to be added 
into the tetrahedral or octahedral sites progressively until a critical strain is reached, at 
which point the amorphous phase will be favoured. 
 The addition of secondary solutes to the tetrahedral and/or octahedral sites 
duces strain to the topological structure, which can be calculated as, in
 33    RCV     (2.25) 
where C is the concentration of β solutes to α-clusters, ξ = 0.74 and is the packing 
efficiency of the structure, γ  is a material constant related to the shear and bulk 
modulus of the atoms, R is the size ratio of the solute to α-clusters, and η here is the 
size of the interstitial site: for octahedral sites, η = 0.414, and for tetrahedral sites, 
ηtet = 0.225. More detailed description and formulae for the parameters and variables 
in Equation 2.25 can be found in Ref. [135]. 
This induced strain, εV, due to atomic size mismatch can be accommodated up 
to a critical strain value, beyond which the amorphous phase is favoured. Therefore 
by setting the strain to the critical strain value of 0.0554 , and with all the other 
parameters known, we can determine, for any alloy system, the concentration C. From 
concentration C, we can finally deduce the actual composition in terms of at% of α-, 
β-,  and γ-solutes, and Ω-solvents that will be most favoured for glass formation.  
 
ctronic interaction to form a structure 





2.5.7 Other Structural Models  
 
Solutes species interconnect through ele
l’s “backbone structure”137. This is similar to Sheng et al’s105 “string-like” network 
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when solute content exceeds a certain threshold that breaks down the single solute 
clusters. Thecentric  relative atomic size of species then has an overriding importance 
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3.1 Sample Preparation 
 
3.1.1 Alloy Preparation 
  
High-purity constituent elements of Al (99.9%), Ni (99.98%), Zr (>99.5%), Hf 
(>99.5%), Ti (>99.5%), and Y (>99%) were first weighed carefully using an 
electronic balance accurate up to 0.1 mg. These were then arc-melted using an 
Edmund Bühler AM arc melting system powered by a LSG 400 generator, on a water-
cooled copper hearth, under a 500 mbar purified Ar atmosphere. Each ingot was 
flipped and re-melted at least five times to increase chemical homogeneity. All 
compositions were expressed nominally in atomic percentage. Weight loss was 
assumed negligible after each melting procedure. 
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3.1.2 Melt Spinning Technique 
 
Master alloy ingots were broken into smaller pieces (<8 mm), and placed in 
quartz tubes with a tapered nozzle into the Edmund Bühler Tübinger 1 D-7400 single 
roller copper wheel melt-spinning machine for the rapid solidification of the alloy. 
The geometry and thickness of the ribbons are determined by a list of parameters such 
as copper wheel rotating speed, V, ejection pressure, P, nozzle bore, d, ejection angle, 
θ, and the vertical height clearance of the nozzle outlet above the copper wheel, H.  
Here, the circular melt ejection nozzle bore, d is typically 0.7 – 0.9 mm, and is 
positioned at H ≈ 2 mm, perpendicularly above the top most surface of the copper 
wheel. The chamber is first evacuated to a pressure of less than 10-4 mbar, backfilled 
with purified Ar gas up to 500 mbar, after which the chamber is again evacuated to 
below 5 x 10-5 mbar. Finally, the chamber is backfilled with Ar gas to a pressure of 
~800 mbar, and the alloy ingots were remelted by high frequency induction. Once the 
ingots were fully molten, the molten alloy is then ejected onto the rotating copper 
wheel, at a net over pressure of P ≈ 800 mbar. Therefore with most of the parameters 
fixed, the only main determining parameter is the rotating speed of the copper wheel.  
It has been empirically determined the thickness, t, of the as-spun ribbons is 








    (3.1) 
where m is an exponent which is typically between 0.80 and 0.82 for Al-alloys1. 
It should be apparent from Equation 3.1 that on a log-log scale the rotating 
speed of the copper wheel is linearly and inversely proportional to the thickness of the 
ribbon. Therefore, for high speeds (>40 ms-1), the thickness of the ribbon decreases 
only slowly with increasing wheel speeds. The average cooling rate across the ribbon 
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is also found to follow a similar relationship with the ribbon thickness2, such that 
ribbon thickness decreases only slowly with increasing cooling rate. The implication 
of this technical know-how is that in order to achieve very high cooling rates and/or 
very thin ribbon samples, increasingly large wheel speeds have to be employed. 
On the other hand, for low speeds (<10 ms-1), the thickness of the ribbons 
increases rapidly with decreasing rotating wheel speeds. However, in this regime, 
flow dynamics tends to be unstable, and both uniformity in ribbon thicknesses and in 
microstructure were extremely poor. As a result, in order to achieve larger thickness 
above about 300 μm, and yet retain sufficient sample uniformity, other techniques are 
preferential to melt spinning. 
 
3.1.3 Wedge Casting Technique 
 
Smashed pieces (<8 mm) of the master alloy ingot were placed in quartz tubes 
shaped with a necking with an inner diameter of ~1 mm. these specially shaped quartz 
tubes were also placed into the Edmund Bühler Tübinger 1 D-7400 for the induction 
melting and subsequent casting of the alloy. The chamber is first evacuated to a 
pressure of less than 10-4 mbar, backfilled with purified Ar gas up to 500 mbar, after 
which the chamber is again evacuated to below 5 x 10-5 mbar. Finally, the chamber is 
backfilled with Ar gas to a pressure of ~400 mbar, and the alloy ingots were remelted 
by high frequency induction. Once the ingots were fully molten, the molten alloy is 
then injected at a net over pressure of P ≈ 1500 mbar, into a copper mould with a 
wedge-shaped cavity. The wedge shaped cavity measures 8 mm across, 24.5 mm in 
height, and the included angle is 50. The thickness of the wedge shaped ingot so 
produced should taper from a maximum of ~2 mm to a minimum ~50 μm. 
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 Under the optical microscope, a longitudinal cross-section of a wedge cast 
ingot should show a stepwise microstructure change, as a result of the graded increase 
in the cooling rate of the molten metal in the cavity. Recently, Sanders et al has 
reported the use of this wedge casting technique to study the GFA of different Al-RE-
Ni alloys, and the composition Al87La5Ni9 in the Al-La-Ni alloy system was found to 
exhibit the highest GFA with a maximum critical thickness of 780 μm3. In this study, 
the critical thickness for full glass formation was defined by a conspicuous curved 
delineation spanning across the wedge shaped ingot, as shown in Figure 3.1. Above 
this curved line, was a region of amorphous + nanocrystalline composite area. Further 
up, is another line which defines the composite thickness. Above this line, fully 
crystalline microstructure is observed. Evidence from DSC, XRD and TEM studies 
were used to confirm the microstructure of the three zones. 
   Amorphous  
Crystalline Amorphous           +  
nanocrystalline
 
Figure 3.1 Schematic illustration showing the amorphous, nanocrystalline, and  
crystalline regions. The curved line separating the amorphous and composite region is  
taken to be the critical size for full glass formation. 
 
3.2 Thermal Analysis 
 
3.2.1 Differential Scanning Calorimetry - Isochronous 
 
Isochronous DSC runs were carried out using the TA MDSC 2920 DSC 
system. The ribbons were cut into short pieces (< 4 mm) and were non-hermetically 
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crimped in standard Cu pans. The samples were heated from room temperature to a 
temperature of 600ºC, at a heating rate of 0.33 Ks-1, under a constant flowing Ar gas. 
  
3.2.2 Differential Scanning Calorimetry – Isothermal 
 
Isothermal DSC runs were carried out using the TA MDSC 2920 DSC system. 
The ribbons were cut into short pieces (< 4 mm) and were non-hermetically crimped 
in standard Cu pans. The samples were held at a temperature typically 5 – 10 K below 
the crystallization temperature determined from the isochronous DSC experiments, 
under a constant flowing Ar gas, and for up to 30 min. 
 
3.2.3 Melting Studies  
 
 Melting studies were carried out using the Netzsch 404C Pegasus DSC system. 
The ingots were cut into small pieces and placed in an alumina crucible. The samples 
were programmed to undergo a heating cycle from room temperature to a temperature 
of 1400ºC, at a heating rate of 0.17 Ks-1, under a constant flowing Ar gas. The 
samples were then cooled to room temperature, at a cooling rate of 0.17 Ks-1 in Ar. 
 
3.3 Microstructure Characterisation 
 
3.3.1 Crystallography – X-Ray Diffractometry 
 
Ribbons for X-ray analysis were mounted on a piece of glass slide by means 
of a double sided adhesive tape. Care was taken to cover the entire surface with the 
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ribbons, by making sure that some of the ribbons overlapped one another. XRD 
patterns were obtained using the Bruker D8 diffractometer, using Cu Kα (λ = 1.54056 
Ǻ) radiation. The scanning rate is typically 0.02 degrees per second from 200 to 800.  
 
3.3.2  Microstructure Characterization  
 
Melt-spun ribbons were mounted on its longitudinal side and set in resin. 
Wedge cast ingots were halved and its longitudinal side, mounted, and set in resin. 
The samples were grinded on SiC paper progressively from 120 grit to 1200 grit. A 1-
μm Al2O3 powder suspension, followed by 0.5 μm diamond paste was used for the 
coarse polishing. Final polishing was done using 0.05 μm SiO2 powder suspension. 
Ethylene glycol was used as the lubricant for all the polishing steps. The polished 
surface was etched by swabbing with cotton for about 6-10 s with a modified Keller’s 
reagent (5 ml HNO3 + 3 ml HCl + 2 ml HF + 250 ml distilled water). 
The microstructure of the wedge cast ingot was typically observed using a 
Olympus PME3 optical microscope. SEM micrographs were typically done using 
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 Since the discovery of Al-RE binary amorphous alloys, in 19881,2, it has long 
been presumed that RE metals were essential in improving the glass forming ability 
(GFA) of Al-based alloys. Indeed, only RE containing Al-based amorphous alloys 
have been found to possess good GFA, such as in Al-Y-Ni and Al-Ce-Ni alloys3; and 
Al-Gd-Fe alloys4 discovered in 1988. However, recently it has come to our attention 
that best glass formers in the Al-rich corners of Al-RE-Ni systems were located at the 
composition Al85Ni10RE5, which was closer to the Al-Ni binary than that of the Al-
RE5. Yet, no fully amorphous formation have been reported for Al-Ni binary alloys by 
melt-spinning, though studies on GFA of Al-Ni were often truncated at well below 20 
at% Ni solute levels6,7.  
 Moreover, in the Al-based amorphous structure, significant reduction in the 
Al-LTM pair correlation has been observed8-13(see Section 2.4.1). It was believed that 
strong electronic interaction between Al-LTM (such as Fe and Ni) leads to covalent-
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like bonding between Al and the LTM, resulting in significantly reduced bond length. 
In the context of GFA, this strong attractive bonding and reduced bond length should 
lead to denser packing in the liquid state, and should favor glass formation14. 
Furthermore, there is an increasing interest in applications for amorphous Al-
Ni thin films in pyrotechnic and welding applications that capitalize on their 
exothermic properties15. With the above in mind, we have embarked on a meticulous 
study of the GFA of the Al-rich Al-Ni binary alloys. The alloys studied in the Al-Ni 
alloy system have the chemical formula of Al100-xNix, where x is the content of the Ni 
in nominal atomic percent ranging from 11 to 30 at%. The results are presented in 




4.2.1 Melting Studies 
 
Figure 4.1 shows the equilibrium binary phase diagram for the Al-Ni alloy, 
according to Okamoto16. Nickel has an almost negligible solid solubility in Al (0.023 
at%). The liquidus temperature, TL, of this binary alloy decreases slowly from the 
melting point of pure Al at 660 0C to the equilibrium eutectic point at ~3 at% Ni 
content, where the eutectic temperature, TEu is 639.9 0C. As the Ni content increases 
further, the liquidus rises steeply. The composition range of interest is marked out by 
the shaded rectangular box in Figure 4.1.  
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 Figure 4.1 Equilibrium phase diagram on the Al-rich side of the Al-Ni alloy, after  
Ref [16]. Shaded box shows the composition range of alloys studied. 
 
Our melting study on the Al100-xNix binary alloy system was carried out at a 
composition interval of at most 2 at%, to determine their melting behavior. Melting 
studies of the alloy ingots (as shown in Figure 4.2) showed that all of the alloys 
commence melting at a solidus temperature, Ts, of ~910 K. Even alloys with Ni 
content beyond 25 at%, also undergo this reaction at ~910 K, when this reaction was 
not present in the equilibrium phase diagram16. With increasing Ni content, the alloys 






























Figure 4.2 Melting curves at 0.17 Ks-1 of Al100-xNix (x = 11 - 29 at%) alloys. 
 
The results of the melting studies of the series of alloy are presented, 
superimposed on the equilibrium phase diagram, in Figure 4.3. Below a Ni content of 
25 at%, our results basically matched the equilibrium phase diagram fairly well. Upon 
heating of the alloys x = 11 and 13, the samples reach the liquidus temperature soon 
after the eutectic reaction at ~910 K and become fully molten. For alloys x = 15 to 23, 
beyond the solidus, the samples undergo a reaction at ~1101 K, and then becomes 
fully molten after the liquidus temperature, Tl. The reactions exhibited by the samples 
were so far consistent with the equilibrium phase diagram. However, for alloys with  
≥ 26 at % Ni, the samples also undergo the eutectic melting of Al+Al3Ni at ~910 K, 
which was non-existent in the equilibrium phase diagram. These samples undergo two 
further reactions before liquidus, the first at ~1101 K, and the second at 1419 K as per 
the equilibrium diagram.  
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Figure 4.3 Results from melting studies superimposed on the equilibrium phase  
diagram. “●” delineate the solidus temperature, “▼” and “▲” mark the temperatures 
of peritectic reactions, and “■” traces the liquidus temperatures of the alloys studied.  
 
4.2.2 DSC Studies 
 
Figure 4.4 shows the DSC traces for the ribbons of the alloy series Al(100-x)Nix 
(x = 11 to 30 at% Ni), melt-spun at rotating wheel speeds of 35 to 40 ms-1. Ribbons 
typically measured 20 to 40 μm in thickness. The DSC patterns of this series showed 
no crystallization peaks at all throughout the testing temperature range of 400 to 800 
K. Clearly, our careful study of the alloys, even at 0.5 at% intervals for x = 19.0 to 23, 
showed almost no sign of amorphicity, with the exception of the alloy at x = 21.5. A 
closer look at its DSC curve (Figure 4.5) showed a small exothermic peak, (ΔHx = 
0.67 kJmol-1), hinting at the possibility of some traces of amorphous phase present in 
the as-spun ribbons of this alloy. 
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Figure 4.4 DSC traces of 20-40 μm thick melt spun ribbons of the Al100-xNix  
alloys, for x = 11 – 30 at%, at a heating rate of 0.33 Ks-1.  
 



















Figure 4.5 DSC traces of 20-40 μm thick melt spun ribbons of the Al100-xNix  






4.2.3 XRD Studies 
 
Figures 4.6 to 4.8 show the corresponding XRD patterns on the free side of the 
as-spun ribbons of this series of alloys studied in this work. All the as-spun ribbons 
were fully crystalline as seen from the XRD patterns. Figure 4.6 shows the XRD 
patterns for x = 11 to 19, and Figure 4.7 shows the XRD patterns for x = 19.5 to 22.0 
respectively. Most of the peaks in the patterns in these two figures could be indexed to 
Al3Ni (S. G.. Pnma, a = 0.6598, b = 0.7352, c = 0.4802) and fcc-Al (S. G.. Fm 3 m, a 
= 0.4049). For the patterns of x = 11, 13, 15 and 17 in Figure 4.6, there are an 
additional three unknown peaks (marked as “?”) which could not be indexed, possibly 
belonging to a metastable phase or other contaminations. Figure 4.8 shows the 
corresponding XRD patterns of the alloys x = 26 to 30. All the peaks in the patterns 
could be attributed to that of Al3Ni and Al3Ni2 . G.. P(S 3 m1, a = 0.4065, c = 0.4906) 
phases. However, peaks belonging to the fcc-Al phase were no longer present.  





























Figure 4.6 XRD patterns on free-side of 20-40 μm thick melt spun ribbons of the  
Al100-xNix alloys, for x = 11.0 – 22.0 at%.  
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Figure 4.7 XRD pattern on free-side of 20-40 μm thick melt spun ribbons of the  
Al100-xNix alloys, for x = 19.5 – 22.0 at%.  
 















Figure 4.8 XRD pattern on free-side of 20-40 μm thick melt spun ribbons of the  















































































































Figure 4.9 Schematic illustration of the evolution of crystallography of the as  
spun ribbons as Ni content is changed from 11 to 30 at%. 
 
Figure 4.9 schematically illustrates the evolution of the microstructure as 
determined from the XRD patterns, as the Ni content of the alloy series was increased 
from 11 to 30 at%. Below 19 at% of Ni, the XRD patterns showed that the ribbons 
contained a mixture of fcc-Al, Al3Ni and an unknown phase, marked as “?”. Between 
19 and 22 at%, and up to 26 at% Ni, the ribbons consist of only fcc-Al and Al3Ni. 
Beyond 26 at%, fcc-Al is no longer present, and the crystallography of the ribbons has 
evolved to a mixture of Al3Ni and Al3Ni2. 
 
4.2.4 Microstructure Studies 
 
Figures 4.10(a-c) show the micrographs at low magnification, while Figure 
4.10(d-f) show those at high magnification of as-spun ribbons of x = 11, x = 13, and x 
= 15 respectively. All the as-spun ribbons of these alloys clearly show a two-layered 
structure. The first layer, which is the “chilled” side in direct contact with the rotating 
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copper wheel, was as thick as ~14 µm for x = 15, and is the thinnest at ~8 µm for x = 
13 . This layer features fine sub-micron sized globular particles uniformly distributed 
throughout the ribbon (see Figure 4.10(d-f)). Whereas the top layer, which is the 
“free” side, features large dendritic primary phase measuring ~5 µm across, 
surrounded by a rod-shaped eutectic-like phase for x = 11 and x = 13 (Figure 4.10(a) 
and (b)). These rod-shaped phase were almost columnar, growing perpendicular to the 
melt spinning direction for x = 15 (Figure 4.10(c)).  
 
    2 μm    10 μm 
 
(a) x = 11 (d) x = 11 
 
     2 μm 
 
 
Figure 4.10 BSE images of cross-section of as-spun ribbons at low magnification  
(b) x = 13 
   10 μm 
     20 μm 
(c) x = 15 
(e) x = 13 
    2 μm 
(f) x = 15 
for (a) x=11, (b) x=13, (c) x=15, and at high magnification (d-f) x = 11, 13, 15. 
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Figures 4.11(a-c) show the low magnification, while Figure 4.11(d-f) show the 
high magnification micrographs of the as spun ribbons for x = 20.5, x = 21.5 and x = 
22.5 respectively. Interestingly the ribbons no longer show a layered structure but a 
fan-shaped eutectic phase spanning across the entire thickness of the ribbon. This 
microstructure suggests that these as spun ribbons were fully eutectic. Unusual 






Figure 4.11 BSE images of cross-section of as-spun ribbons at low magnification  
(a) x = 20.5 
   10 μm 
(b) x = 21.5 
    10 μm 
   10 μm 
(c) x = 22.5 
    5 μm 
     5 μm 
    5 μm 
(e) x = 21.5 
(f) x = 22.5 
(d) x = 20.5 
for (a) x = 20.5, (b) x = 21.5, (c) x = 22.5 and at high magnification (d-f) x = 20.5 - 









Figure 4.12 BSE images of cross-section of as-spun ribbons at low magnification 
for (a) x = 23, (b) x = 29, (c) x = 30 and at high magnification (d) x = 23, (e) x = 29, 
and (f) x =30. 
 
Figure  4.12(a) and (d) show the micrograph for x = 23, which showed a return 
of the microstructure to the two-layered structure, the chilled layer of the ribbon 
consists of the same fine submicron sized globular particles, and was ~6 μm thick. 
The free side of the ribbon features large flower-like phase surrounded by 
honeycomb-like eutectic phase (see Figure 4.12(d)), instead of the dendritic phase in 
    10 μm 
(d) x = 23 
(e) x = 29 
      5 μm 
     2 μm 
    2 μm 
(a) x = 23 
     20 μm 
(b) x = 29 
    10 μm 
(f) x = 30 (c) x = 30 
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the micrographs of lower Ni content. Figures 4.12(b) and (c) show the low 
magnification micrographs while Figure 4.12(e) and (f) show the high magnification 
micrographs of the as spun ribbons for x = 29 and 30, respectively. The ribbons of 
these two alloys were extremely brittle and the ribbons showed significant amount of 
porosity, as evidenced by the resin which seeped into the ribbon in Figure 4.12(e). The 
microstructure of the ribbons suggests a uniform distribution of a white flower-like 
phase surrounded by a matrix of fine honeycomb-like eutectic phase. Some layered 
structure about 3 - 4 µm thick was also present as shown in Figure 4.12(f).  
 
4.3 Analysis and Discussion 
 
4.3.1 Skewed Eutectic Coupled Zone  
 
The microstructure study revealed that the morphology of the as-spun ribbons 
not only evolved as a function of Ni content, but also across the ribbon thickness due 
to a change in cooling rate. Figure 4.13 shows a simplified schematic illustration of 
this evolution. The schematic showed that between x = 20.5 and 22.5, the 
microstructure is that of a fully eutectic phase. At lower Ni content, the free-side of 
the ribbons consists of a primary dendritic phase surrounded by the eutectic phase. 
While at higher x contents, the microstructure of the free-side has evolved to a 
different primary phase surrounded by the eutectic phase. We can also represent this 
microstructural evolution, as a function of Ni solute content as in Figure 4.14. This 
microstructural map, which is not easily deducible from the equilibrium phase 
diagram, illustrates a severely skewed eutectic coupled zone, as the fully eutectic 
microstructure was observed at compositions deep into the hypereutectic region.  
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Figure 4.13 Schematic illustration of microstructure of cross-section of 20-40 μm  




















































Figure 4.14 Schematic illustration of expected microstructure of this alloy system,  
superimposed in a cooling rate, V, against Ni content space.  
72 
The red line, VM, in Figure 4.14 denotes arbitrarily the cooling rate of the melt 
spinning technique. The figure illustrates that at this cooling rate, the eutectic 
microstructure can still be observed at compositions with high Ni content (between 
20.5 at% and 22.5 at%) well in excess of the equilibrium eutectic composition of 3 
at%. At lower Ni content, the morphology would be that of primary Al with eutectic 
phase; and at higher Ni content, the microstructure should show Al3Ni + Eutectic 
phase.  
 
4.3.2 Glass Forming Ability of  Al78.5Ni21.5 
 
Invoking the competitive growth concept recently developed by our group17, if 
a yet higher cooling rate, VEu, was employed for a molten alloy of composition 
between Cmin and Cmax, then when the Tg isotherm exceeds that of all other phases 
including that of the eutectic, then this molten alloy would be able to be quenched into 
a fully glassy phase. It is obvious from this analysis that this glass forming range 
between Cmin and Cmax must be well above 20.5 at%. Evidently, the alloy at x = 21.5 
holds some promise as the exothermic reaction in DSC trace, and the SEM 
micrograph for this alloy hinted at some amorphous content.  
Figure 4.15 shows a comparison of the DSC traces of two alloys x = 21.5 and 
22.5, at rotating wheel speeds of 40 and 45 ms-1.  Clearly, by employing only a 
slightly higher wheel speeds (higher cooling rate), some heat of crystallization was 
detected for the alloy x = 22.5, signifying an increase in the amorphous content in the 
as-spun ribbons. On the other hand, the alloy x = 21.5 also showed some heat of 
crystallization, albeit lower than the ribbons melt spun at 40 ms-1. 
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x = 22.5, V = 45 ms-1
x = 22.5, V = 40 ms-1
x = 21.5, V = 45 ms-1
Temp (K)
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Figure 4.15 DSC traces for 20-40 μm thick melt spun ribbons at 40 and 45 ms-1 of  
the Al100-xNix alloys, for x = 21.5 and 22.5 at%, heating rate - 0.33 Ks-1.  
 
It seemed that some other quenching technique might be necessary to achieve 
higher cooling rates (> VM) or thinner ribbons samples in an attempt to locate this 
glass forming range. This is due to the inherent inversely proportional relationship 
between the rotating wheel speed and ribbon thickness, as explained in Section 3.1.2. 
A brief mathematical calculation using equation 3.1 ( see Section 3.1.2) revealed that 
in order to achieve a quarter of ribbon thickness (5-10 μm) from the current 20-40 μm, 
extremely high rotating wheel speed (~200 ms-1) is required.  
Alternatively, additional elements can also confuse the crystallisation of the 
alloy and encourage glass formation by lowering the chance of the alloy selecting 
viable crystal structures14. Kinetically, the additional elements aids in the suppression 
of nucleation and/growth of the viable crystal structures by increasing the viscosity of 
the molten alloy. Therefore, in our subsequent study of the GFA in Al-Ni-LTM alloy 
systems, the role of additions of Zr, Ti and Hf to an Al-Ni based alloy system with 
high Ni content in the vicinity of x = 21.5 at % would be studied.  
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Nevertheless, without an understanding that the eutectic coupled zone is 
severely skewed to the Al3Ni intermetallic in this alloy system; and that the 
competitive growth theorem postulates that the glass forming range should be closely 
related to this composition range for fully eutectic phase formation at high 
undercoolings, previous studies have all neglected the region where Ni content 
exceeds 20 at%. Our meticulous study, combined with the strategy based on 
observation of microstructural evolution developed in our group18, has successfully 
helped us locate the composition range for fully eutectic phase formation (x = 20.5 – 
22.5 at% Ni), as well as hints of glass formation (x = 21.5) at high cooling rates.  
 
4.3.3 Topological Instability Criterion for Glass Formation 
 
According to Egami and Waseda19, for an alloy with a composition whose 
critical size factor, λ exceeds 0.1, formation of glass should be favoured over its solid 
solution. Using the standard Goldschmidt atomic radii19,20 for Al (rAl = 0.143 nm) and 
Ni  (rAl = 0.128 nm) in the calculations, the glass former in the Al-Ni alloy system 
should be found near the alloy where Ni content is 37 at%, which lies in the region 
between the intermetallics Al3Ni and Al3Ni2.  
On the other hand, structural studies on the Al-RE-LTM amorphous alloys at 
the atomic level has shown that due to electronic interactions between Al and LTM 
atoms, the nearest neighbour atomic distances between Al-LTM atoms are 
significantly shortened, signifying a marked change in its effective atomic size 
(Section 2.4.1). The effective atomic size can be calculated using an equation detailed 
in Saksl21, assuming a dense random packing of the atoms in the alloy, and using the 
nearest neighbour distances obtained by the scattering experiments. Therefore, using 
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the nearest neighbour distances between the Al-Ni pair in the scattering experiments 
of Matsuura et al22 and Ahn et al11, we can estimate the effective atomic radii of Al and 
Ni respectively (see Table 4.1).   
 
Table 4.1 Comparison of the calculated effective atomic radii of Al and Ni, 






Effective Atomic Radius 
of Ni, rB 
(nm) 
Effective Atomic Radius 





Goldschmidt -- 0.128 0.143 19,20 
Al85Ce5Ni10 2.438 0.093 0.150 21 
Al87Nd6Ni7 2.46 0.116 0.130 22 
 
The table showed that the effective atomic sizes of the Al and Ni atoms were 
significantly altered as a result of the electronic interaction, the more significant being 
that for the Al-Ce-Ni alloy, where the radius of Ni shrunk to 0.093 nm, while that for 
Al swelled to 0.150 nm. On the other hand, the changes were more moderate for the 
Al-Nd-Ni alloy where the size of the Ni atom decreased to 0.116, while that for Al 
also decreased to 0.130 nm. Based on the newly calculated effective atomic sizes, the 
critical size factor should approach 0.1 at or near a composition of ~33 at%, and a 
composition of ~13-14 at% using the effective atomic radii based on structural studies 
on the Al-Ce-Ni and Al-Nd-Ni alloys respectively. However, our study showed that 
there were was no significant traces of glass or amorphous phase in either of these 
compositions. Instead, the alloy at x = 21.5 showed some hint of amorphous phase 
due to the small exothermic heat of crystallization release in our DSC studies. By 
considering the x = 22 at% Ni content as the point at which λ ≈ 0.1, and working 
backwards to obtain the effective atomic radii that can satisfy this condition, we obtain 
a radius of 0.118 and 0.145 nm for the Ni and Al atom respectively. The relationship 
of the calculated critical size factor as a function of the Ni content, for various atomic 
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sizes are illustrated in Figure 4.16. Our analysis suggest that a more moderate change 
in the effective atomic radii of ~8.4% and ~1.4% for the Ni and Al atom respectively, 
might better satisfy the instability criterion for glass formation. 
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Figure 4.16 Graph showing change of critical size factor, λ as a function of Ni  




In summary, we have studied the glass formability of a series of Al-Ni binary 
alloy system on the Al-rich side with Ni content in the range of 11 to 30 at% by melt 
spinning technique. While the XRD experiments on the free-side of all the as-spun 
ribbons of the alloys showed fully crystalline microstructure, DSC and SEM 
evidences revealed that the as-spun ribbons of alloy x = 21.5 at% showed some hints 
of an amorphous phase. Microstructural observations revealed that the morphology of 
the free-side of the ribbons evolved as a function of Ni content, from a dendritic phase 
surrounded by eutectic phase (x = 11- 20 at%), to a fully eutectic phase (x = 20.5 – 
22.5 at%), and then to a different flower-like phase surrounded by the eutectic phase 
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(x = 22.5 – 30 at%). The existence of a fully eutectic microstructure by melt spinning 
at this hypereutectic composition, pointed to a eutectic coupled zone severely skewed 
to the Al3Ni intermetallic phase, and this composition range corresponded very well 
with the observation of the possible amorphous phase formation.  
Invoking the competitive phase theorem developed by our group, yet higher 
cooling rates for alloys with Ni content near 21.5 at% might help one discover new 
fully amorphous Al-Ni binary alloy(s). On the other hand, the topological instability 
criterion for glass formation and a modification of which using effective atomic sizes 
based on structural studies instead of standard Goldschmidt atomic size, was less able 
to locate the potential glass forming compositions. The thermal properties from the 
DSC runs, melting studies, crystallography from XRD scans and microstructure 
observed from SEM, of the alloy series are summarized and tabulated in Table 4.2.  
 
Table 4.2 Thermal properties, crystallography and microstructure of 20-40 μm 
thick melt spun ribbons of the Al100- xNix alloy system. 











(XRD) Chilled-side Free-side 
11.0 -- 640.0 808.0 0 Al3Ni + Al + ? Fine globular α +Eu 
13.0 -- 641.0 810.6 0 Al3Ni + Al + ? Fine globular α +Eu 
15.0 -- 641.7 865.5 0 Al3Ni + Al + ? Fine globular α +Eu 
17.0 -- 641.4 913.8 0 Al3Ni + Al + ? Fine globular α +Eu 
19.0 -- 640.3 958.1 0 Al3Ni + Al Fine globular α +Eu 
19.5 -- -- -- 0 Al3Ni + Al Fine globular α +Eu 
20.0 -- -- -- 0 Al3Ni + Al Fine globular α +Eu 
20.5 -- ~641.5 ~1070.1 0 Al3Ni + Al Eutectic Eutectic 
21.5 360.5 ~637.5 ~1088.5 0.67 Al3Ni + Al Eutectic Eutectic 
22.5 -- -- -- 0 Al3Ni + Al Eutectic Eutectic 
23.0 -- 641.5 1088.3 0 Al3Ni + Al Fine globular β +Eu 
26.0 -- 642.0 1198.1 0 Al3Ni + Al3Ni2 Fine globular β +Eu 
28.0 -- 634.8 -- 0 Al3Ni + Al3Ni2 Fine globular β +Eu 
29.0 -- 634.8 -- 0 Al3Ni + Al3Ni2 Fine globular β +Eu 
30.0 -- 641.0 1271.8 0 Al3Ni + Al3Ni2 Fine globular β +Eu 
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In the literature (see Section 2.2.2.2), the search for Al-based metallic glasses 
(MG’s) was predominantly centred on Al-TM-RE alloys, following the independent 
discovery of amorphous ribbons in Al-rich alloys containing RE elements (where RE 
= Y, La, Ce or Gd) and TM (where TM = Ni, Co, Fe, or  Cu)1,2. Yet, before the 
discovery of these RE-containing amorphous Al-based alloys, there were already 
reports of amorphous formation in other Al-based ternary alloys, most notably in the 
alloy system of Al-Ni-Zr3. In an early study of amorphous formation in Al-LTM-ETM, 
alloys capable of forming amorphous ribbons have compositions that were at or in the 
region surrounding the stoichiometric ratio of Al:LTM:ETM=7:2:1, (Table 5.1)4. Their 
ability to form amorphous ribbons was attributed to the interactive force between the 
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metallic constituents, leading to greater viscosity of the supercooled liquid4. 
 
Table 5.1 Effect of ETM on the GFA of Al70LTM20ETM10 alloys by melt  




Ti Zr Hf V Nb Ta 
Al70Fe20ETM10       
Al70Co20ETM10       
Al70Ni20ETM10       
Al70Cu20ETM10       
    Crystalline,      Composite,      Amorphous 
 
The subsequent report on good glass forming ability drew much attention ever 
since to Al-RE-LTM amorphous alloy systems1,2. The Al-LTM-ETM alloy systems 
were henceforth much neglected in the arena of amorphous formability studies. 
However, we believe that it should still be scientifically worthwhile to revisit these 
alloy systems, specifically Al-Ni-(Zr, Hf or Ti) systems based on the following points. 
Firstly, while the heats of mixing were typically ΔHmix = -38 kJmol-1 5 for the 
Al-RE atomic pairs, the heats of mixing between the Al-ETM pairs were also strongly 
negative and decreases in the order Zr > Hf > Ti. The heats of mixing of the Al-Zr and 
Al-Hf pair’s even surpass that of the Al-RE pairs.  Coupled with the modest value of 
ΔHmix = -22 kJmol-1 for the Al-Ni pair, the strongly negative heats of mixing between 
the constituents elements in these Al-LTM-ETM systems (see Figure 5.1) should 
theoretically lead to good glass forming ability, especially in the Al-Ni-Zr (Figure 
5.1(a)) and Al-Ni-Hf (Figure 5.1(b)) alloy systems. 
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Empirically, atomic size mismatch between constituent atoms should be larger 
than 12% for easy glass formation6. The Goldschmidt atomic sizes of the species were 
expressed as a fraction of that of the Al atom (rAl = 0.143 nm), as shown in Figure 5.1. 
It can be clearly seen that, with the exception of the Hf atom (Figure 5.1(b)), the 
atomic size mismatch between Al and the constituent atoms were all ≤10%, while the 
Ti is almost equal in size to the Al atoms (Figure 5.1(c)). If topological considerations 
were of utmost importance in the determination of GFA of alloys, then we might 
predict that the effect of the ETM on the GFA for these Al-LTM-ETM systems to 
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Figure 5.1 Schematic diagram showing heats of mixing between Al and the solute  
atoms and their standard atomic sizes in comparison with that of Al for the (a) Al-Ni-
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As we have established in the preceding chapter that for high Ni content 
between 20.5 and 22.5 at% in an Al-Ni binary alloy, the microstructure of the as-spun 
ribbons is that of a fully eutectic. Furthermore, DSC and SEM evidences hinted at 
possible glass formation in the alloy Al78.5Ni21.5, which coincided well with the 
skewed eutectic coupled zone. It was believed that higher cooling rates could 
effectively suppress the nucleation and growth of the eutectic phase and thus achieve 
full glass formation. Alternatively, additional elements can also confuse the 
crystallisation of the alloy and encourage glass formation by lowering the chance of 
the alloy selecting viable crystal structures7. Therefore, in our study of the GFA of Al-
Ni-LTM alloy systems, the effect of small additions of Zr, Ti and Hf to an Al-Ni based 
alloy system with high Ni content in the vicinity of 20 -22 at % would be investigated. 
Furthermore, based on the discovery that the GFA of RE containing (where RE = La, 
Ce, Pr, Nd and Mm) Al-Ni based alloys unanimously peaks at the composition 
Al85Ni10RE58, the GFA of ETM containing Al-Ni based alloys in the vicinity of this 
composition will also be studied. 
 
5.2. Results and Analysis 
 
5.2.1 Equilibrium Ternary Phase Diagrams  
 
Figure 5.2 shows the Al-rich region of the equilibrium ternary phase diagram 
for the Al-Ni-ETM (isothermal section at 6000C 9). The alloys studied in this work all 
fall in the ternary phase triangle bounded by the phases Al, Al3Ni and Al3ETM in the 
Al-rich region, where ETM refers to Zr, Hf and Ti respectively. The implication of 
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this observation is that the large triangular area bounded by the three phases should 
contain only one eutectic point and that these three phases should dominate the phase 


















Figure 5.2 Al-rich corner of ternary phase diagrams of (a) Al-Ni-Zr (8000C    
isothermal section), (b) Al-Ni-Hf (6000C isothermal section), and (c) Al-Ni-Ti (6000C  
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5.2.2 Results of Al-rich Al-Ni-Zr Alloys 
 
5.2.2.1 Initial GFA study on the Al94-xZr6Nix alloys 
 
As discussed in the preceding section, both the alloy compositions with high 
Ni content above 20 at%, and those in the low solute content area in the vicinity of 
Al85Ni10ETM5 are of interest. Thus, in our study, the Zr content was initially fixed at 6 
at%, and the Ni content varied at the expense of the Al content. The alloy series 
follows the general formula of Al94-xZr6Nix, where x = 8-22 at% at 2 at% intervals. 
The DSC traces of the as-spun ribbons of this alloy series, and a plot showing the heat 
of crystallization as a function of the Ni content are shown in Figures 5.3 and 5.4, 
respectively. 
The plot shown in Figure 5.4 showed that there were obviously two 
amorphous forming regions. The first, which lies in the series where x is between 8 
and 14 at%, was Al-enriched.  The amorphous phase of these alloys showed relatively 
lower thermal stability, with the first crystallization peak appearing as early as 450 K 
for the alloy Al86Zr6Ni8, and the last crystallization event for these alloys were well 
over before 650 K. The heat of crystallization in this region peaked at the alloy 
Al82Zr6Ni12. (ΔHx = 3.45 kJmol-1). The second amorphous forming region however, 
was solute enriched, which seemed to lend thermal stability to the amorphous phase. 
The first crystallization event takes place well above 650 K, and were highly 
exothermic, the highest being that of alloy Al76Zr6Ni18 (ΔHx = 5.65 kJmol-1).  
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Figure 5.3 DSC traces of 20-40 μm thick as-spun ribbons of the Al rich Al-Zr-Ni  
alloy series Al94-xZr6Nix, where x = 8-22 at % at 2 at% interval, at a heating rate of 
0.33 Ks-1. 




























Ni Content (at%)  
Figure 5.4 Change in heat of crystallization of the Al94-xZr6Nix alloy series, as x,  
the Ni content increases from 8-22 at % at 2 at% interval. 
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The XRD patterns of this series of alloys as shown in Figure 5.5 echoed the 
same interesting observation of two amorphous forming regions segregated by the 
composition Al78Zr6Ni16. The first, which lies in the series where x is between 8 and 
14 at%, was Al-enriched.  Competing phases here thus included fcc-Al (S.G.. Fm 3 m, 
a = 0.4049), and Al3Zr (S.G.. I4/mmm, a = 0.4009, c = 1.7281). The second 
amorphous forming region however, was Al-poor. Competing phases here were that of 
Al3Zr and Al3Ni2 (S.G.. P 3 m1, a = 0.4065, c = 0.4906) as shown in Figure 5.5. 
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Figure 5.5 XRD patterns on free side of 20-40 μm thick as-spun ribbons of the Al- 
Zr-Ni alloy series, Al94-xZr6Nix, where x = 8-22 at 2 at% interval. 
 
5.2.2.2 Multiple maxima in GFA in the Al-Ni-Zr alloy system 
 
The next step is thence, to locate the compositions that gave the optimum GFA 
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in each of these amorphous forming regions. Figure 5.6 shows the DSC traces, and 
Figure 5.7 shows the corresponding XRD patterns for the alloys in the solute enriched 
region, in the vicinity of the alloy composition Al75.5Zr5.5Ni19. The heats of 
crystallization as shown in Figure 5.6 clearly peaks at this alloy (ΔHx = 5.74 kJmol-1), 
indicating higher amorphous content compared to its adjacent alloys. The XRD 
pattern for this alloy shows a symmetrical broad hump with no trace of a crystalline 
peak, unlike that for all other adjacent alloy compositions, which showed some trace 
of undulation in the XRD pattern. 

























Figure 5.6 DSC traces of 20-40 μm thick as-spun ribbons of Al75.5Zr5.5Ni19.0  























Figure 5.7 XRD patterns on free side of 20-40 μm thick as-spun ribbons of the  
Al75.5Zr5.5Ni19.0 alloy (center, in red) and its adjacent alloys. 
 
Figure 5.8 shows the isothermal DSC traces at temperatures 648 and 653 K for 
up to 30 min for the alloy composition Al75.5Zr5.5Ni19.0, both DSC traces showed only 
an exothermic peak, an indication that the ribbons were indeed fully amorphous10. 



















As-spun ribbon of Al75.5Zr5.5Ni19.0
20-40 m
 
Figure 5.8 Isothermal DSC curves up to 30 min at temperatures 648 and 653 K  
for the alloy composition Al75.5Zr5.5Ni19.0. 
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In order to test the limit of critical size for full glass formation for this alloy, 
the wedge casting technique as discussed in Section 3.1.3 was employed. Figures 
5.9(a) and 5.9(b) show the SEM micrographs of the as-spun ribbons and wedge cast 
ingots respectively of the alloy Al75.5Zr5.5Ni19.0. The as-spun ribbon was produced at a 
rotating wheel speed of 30 ms-1 and had a thickness of about 30 μm, and showed a 
featureless contrast typical of an amorphous phase. The curved delineation was 
apparent for the alloy Al75.5Zr5.5Ni19.0, and the critical size for full glass formation was 
estimated11 to be about 81 μm. We have thus successfully located the optimal glass 
former in this high-solute amorphous region at the composition Al75.5Zr5.5Ni19.0, whose 
critical size for full glass formation was efficiently determined using the wedge 
casting technique to be ~81 μm. 
 
Figure 5.9 SEM micrographs of (a) as-spun ribbon at a rotating wheel speed of 30  
   50 µm   20 µm 
(b) Wedge Cast Ingot (a) As-spun ribbon 
ms-1, and (b) wedge cast ingot of alloy Al75.5Zr5.5Ni19.0. 
 
On the other hand, this curved delineation was obviously absent in the alloy 
Al74.5Zr5.5Ni20.0 (see Figure 5.10b), which put its GFA well below that of alloy 
Al75.5Zr5.5Ni19.0. This is consistent with the evidence from the XRD patterns on as-
spun ribbons in Figure 5.7, which showed a characteristic broad hump for the alloy 
Al75.5Zr5.5Ni19.0, but some undulation possibly belonging to micron scale fcc-Al for 
alloy Al74.5Zr5.5Ni20.0. The as-spun ribbon showed an almost featureless contrast, 
although submicron scale fcc-Al could not be adequately resolved under the SEM. 
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  20 µm   100 µm 
 
Figure 5.10 SEM micrographs of (a) as-spun ribbon at a rotating wheel speed of 30  
(a) As-spun ribbon (b) Wedge Cast Ingot 
ms-1, and (b) wedge cast ingot of alloy Al74.5Zr5.5Ni20.0. 
 
In the search for the best glass former in the lower solute content region, we 
located yet another local peak in amorphous formability at Al82Zr5Ni13. Figures 5.11 
and 5.12 show the DSC traces and XRD patterns, respectively, of this alloy together 
with its adjacent alloys, showing a heat of crystallization peaking at ΔHx = 4.44 
kJmol-1, and a broad hump free of crystalline peaks for the XRD patterns of the as-
spun ribbons of this alloy.  


























Figure 5.11 DSC traces of 20-40 μm thick as-spun ribbons of Al82Zr5Ni13 (second  
from top, in red) and its adjacent alloys, at a heating rate of 0.33 Ks-1. 
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The alloy’s maximum heat of crystallization as compared to that of the 
adjacent alloys, coupled with the XRD patterns proving that only this alloy showed a 
broad hump without any crystalline peaks or undulations in the XRD pattern, strongly 
indicate that the alloy Al82Zr5Ni13 is indeed the best glass former in this composition 
region. Figure 5.13 shows that the adjacent alloys all contained crystalline peaks that 
can be attributed to that of fcc-Al and Al3Zr.  
















Figure 5.12 XRD patterns on free side of 20-40 μm thick as-spun ribbons of  
Al82Zr5Ni13 (second from top, in red) and its adjacent alloys. 
 
Isothermal DSC experiments were carried out at temperatures 598 and 601 K 
for up to 30 min for the as-spun ribbons of the alloy Al82Zr5Ni13, and the results are 
shown in Figure 5.13. The isothermal runs showed only an exothermic peak, strong 
evidence that the as-spun ribbons of the alloy were indeed fully amorphous10.  
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As-spun ribbon of Al82Zr5Ni13
20-40m
 
Figure 5.13 Isothermal DSC curves up to 30 min at temperatures 598 and 601 K  
for the alloy composition Al82Zr5Ni13. 
 
  
      10 µm     100 µm 
(b) Wedge Cast Ingot (a) As-spun Ribbon 
Figure 5.14 SEM micrographs of (a) as-spun ribbon at a rotating wheel speed of 30  
ms-1, and (b) wedge cast ingot of alloy Al82Zr5Ni13. 
 
   
Figure 5.15 SEM micrographs of (a) as-spun ribbon at a rotating wheel speed of 30  
      10 µm 
(a) As-spun Ribbon 
    100 µm 
(b) Wedge Cast Ingot 
ms-1, and (b) wedge cast ingot of alloy Al81Zr5Ni14. 
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The SEM micrograph in Figure 5.14(a) of the ~30 μm thick as-spun ribbon 
shows a featureless contrast, the critical size for fully amorphous formation of this 
alloy was approximately 112 µm, based on wedge cast ingots for this alloy as shown 
in Figure 5.14(b). On the other hand, the wedge cast ingot for the alloy Al81Zr5Ni14 
showed a slightly poorer GFA of ~102 μm, as shown in Figure 5.15(b), while the as-
spun ribbon showed a featureless contrast. Our study has therefore helped us located 
yet another optimal glass former at the composition Al82Zr5Ni13, whose critical size 
for glass formation was estimated to be 112 μm. 
 
5.2.2.3 Melting Studies of Al-rich Al-Ni-Zr Alloys  
 
Figures 5.16 and 5.17 show the melting and cooling curves of the alloy 
Al75.5Zr5.5Ni19, and its adjacent alloys; and the alloy Al82Zr5Ni13, and its adjacent 
alloys, respectively. All heating curves of this alloy system show that the samples 
commence melting at the same temperature range 906 – 910 K, indicating that they 
undergo the same eutectic reaction and that they belong to the same eutectic system. 
This is despite the fact that the two optimum glass formers and their adjacent alloys 
have significantly different solute content. A sharp increase of almost 300 K was 
observed in the liquidus temperature from 1159 K at Al78Zr5Ni17, to 1450 K at 
Al77Zr5Ni18, probably due to the appearance of an intermetallic phase with 
significantly higher melting point. On the other hand, the liquidus temperatures for the 
alloys near Al82Zr5Ni13 appear to be insensitive to the increases in Ni content.  
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Figure 5.16 Melting and cooling behaviour of Al75.5Zr5.5Ni19 (centre, in brown) and  
its adjacent alloys, at a heating rate of 0.17 Ks-1. 






















Figure 5.17 Melting and cooling behaviour of Al82Zr5Ni13 (second from top, in  
orange) and its adjacent alloys, at a heating rate of 0.17 Ks-1. 
 
Figure 5.18 plots the solidus and liquidus surfaces of the Al-Zr-Ni alloy 
system at the Al-rich corner of the phase diagram, based on the liquidus and solidus 
temperatures extracted from our melting studies of all the alloys in this system. The 
solidus surface (in blue) remains relatively flat for the entire the region studied. For 
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the range of Zr content between 2 and 6 at% and Ni content below about 12 at %, the 
liquidus surface is relatively flat and undulates gently in the temperature range 1050 
to 1150 K. The optimal glass former Al82Zr5Ni13, marked by a red sphere, lies in this 
region with low liquidus temperatures. With increasing Ni content, the liquidus 
surface rises rapidly to temperatures exceeding 1450 K. The optimal glass former 











































Figure 5.18 Liquidus and solidus surfaces of the Al-rich Al-Ni-Zr alloys. Optimum  
glass formers: Al75.5Zr5.5Ni19 and Al82Zr5Ni13 marked with blue and red spheres, 
respectively. 
 
5.2.2.4 Summary of Results of Al-Ni-Zr Alloys  
 
In summary, through our study, we have located two local maxima in GFA in 
our current alloy system, as shown in Figure 5.20. One is at Al75.5Zr5.5Ni19.0, whose 
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critical size was approximately 81 µm, and another at Al82Zr5Ni13, whose critical size 
was approximately 112 µm. These two peaks were clearly truncated from regions of 
very poor GFA, represented by the alloy of Al78Zr6Ni16. In addition, these two alloys 
probably belong to the same eutectic system, as they underwent the same eutectic 
reaction upon heating, despite the large difference in solute content. In most previous 
studies3,12,13, Al-Zr-Ni alloys were melt spun into ribbons typically less than 20 μm 
thick. This work is the first time that the local peak(s) in GFA has been carefully 
studied and the critical size for fully amorphous formation for each of these two alloys 
has been reported. 
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Figure 5.19 Schematic illustration of alloys studied in this work, best glass formers  





5.2.3 Results of Al-rich Al-Ni-Hf Alloys  
 
Following the successful location of two optimal glass formers in a single 
eutectic system in the Al-Al3Ni-Al3Zr ternary phase triangle of the Al-Ni-Zr alloy 
system, it was with much expectation that we embark on our study of the GFA of Al-
Ni-Hf alloys. As mentioned in the Section 5.1, the Hf atom has a large atomic size 
mismatch with the Al solvent atoms (atomic radii differs by 13%), and also exhibits 
strong chemical affinity for the Al atoms (ΔHmix = -39 kJmol-1). We are thus hopeful 
of comparable GFA in the Al-Ni-Hf alloy system, as with the Al-Ni-Zr alloy. Based on 
our work in the preceding section, in our search for the best glass formers in the Al-
Ni-Hf alloy system, we have adopted an efficient strategy, “zooming” in directly to 
the alloys in the vicinity of the alloy Al75.5Hf5.5Ni19 in the high solute content region, 
and in the neighbourhood of the alloy Al82Hf5Ni13 in the low solute content region. 
This was also met with great success in similarly discovering two optimal glass 
formers in a single eutectic in the Al-Al3Ni-Al3Hf ternary phase triangle. 
 
5.2.3.1 Optimum Glass Former in the High Solute Content region of Al-rich Al-
Ni-Hf Alloys  
 
DSC traces of as-spun ribbons of alloys with high solute content studied in 
this alloy system are presented in Figure 5.20, showing the alloy Al75.5Hf6.5Ni18 and its 
adjacent alloys. The amorphous phase of these alloys all showed high thermal stability, 
the first crystallization event typically takes place at temperatures above 600 K, and 
were highly exothermic. All of these alloys exhibit high heats of crystallization above 
4.4 kJmol-1, hinting at high amorphous content in the as-spun ribbons. The maximum 
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in the total heat evolved due to crystallization and thus the amorphous content seemed 
to peak at the alloy Al75.5Hf6.5Ni18 (ΔHx = 7.47 kJmol-1). 






























Figure 5.20 DSC traces of as-spun ribbons of alloys in the vicinity of alloy  
Al75.5Hf6.5Ni18 (third from top, in red), at ≤1 at% interval, at a heating rate of 0.33 Ks-1. 
 
The corresponding XRD patterns are presented in Figures 5.21. All of the 
XRD patterns of the as-spun ribbons of these alloys showed a broad hump 
characteristic of an amorphous phase. However at closer scrutiny, only the XRD 
pattern of the ribbon belonging to the alloy compositions Al75Hf6.5Ni18 is free of the 
undulation in the XRD pattern that could be attributed to that of the fcc-Al phase, 
while all the other ribbons contained some traces of the fcc-Al phase. Most of the 
ribbons can thus be said to be composites of fcc-Al crystalline particles embedded in 
an amorphous phase matrix, except for the alloy Al75Hf6.5Ni18., which were fully 
amorphous. Moreover, the DSC traces for this alloy also showed the largest heat of 
crystallisation of 7.47 kJmol-1. 
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Figure 5.21 XRD patterns on free-side of as-spun ribbons of alloys in the vicinity  
of alloy Al75.5Hf6.5Ni18 (third from top, in red), at ≤1 at% interval. 
 
 
Isothermal DSC experiments were carried out at temperatures 663 and 668 K 
for up to 30 min for the as-spun ribbons of the alloy Al75.5Hf6.5Ni18, and the results are 
shown in Figure 5.22. The isothermal runs showed only an exothermic peak, strong 
evidence that the as-spun ribbons of the alloy were indeed fully amorphous10.  
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As-spun ribbon of Al75.5Hf6.5Ni18.0
20-40 m
 
Figure 5.22 Isothermal DSC curves up to 30 min at temperatures 663 and 668 K  
for the alloy composition Al75.5Hf6.5Ni18. 
 
Similarly, in order to ascertain the maximum critical size for full glass 
formation for the optimum glass former, the wedge casting technique was employed. 
As a result, it was determined that the critical size for amorphous formation of this 
alloy was approximately 84 µm, based on wedge cast ingots for this alloy. SEM 
micrographs of the ribbons of the alloy Al75.5Hf6.5Ni18, melt spun at 40 ms-1, showing 
a mostly featureless contrast characteristic of an amorphous phase; and of the wedge 
cast ingots are shown in Figure 5.23(a) and (b), respectively. 
 
    100 µm 20 µm
(a) As-spun ribbons  (b) Wedge Cast Ingot 
Figure 5.23 SEM micrographs of (a) as-spun ribbon at a rotating wheel speed of 40  
ms-1, and (b) wedge cast ingot of alloy Al75.5Hf6.5Ni18 
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The SEM micrograph of the as-spun ribbon and of the wedge cast ingot for an 
adjacent alloy Al74.5Hf6.5Ni19, whose critical size was smaller (70 μm) are shown in 
Figure 5.24(a) and (b), respectively. The as-spun ribbons showed a mostly amorphous 
matrix with a significant amount of dendritic phases on the free side of the ribbon. 
Based on the XRD pattern (Figure 5.21) of the same ribbons of this alloy, the 
dendrites should be that of the fcc-Al phase. 
 
20 µm
(a) As-spun ribbons  
    100 µm 
(b) Wedge Cast Ingot 
Figure 5.24 SEM micrographs of (a) as-spun ribbon at a rotating wheel speed of 40  
ms-1, and (b) wedge cast ingot of alloy Al74.5Hf6.5Ni19 
 
5.2.3.2 Optimum Glass Former in the Low Solute Content Region of the 
Al-rich Al-Ni-Hf alloy 
 
In the hope of discovering another optimum glass former in the lower solute 
content region similar to the Al-Zr-Ni alloy system, two series of alloys: Al100-
3xHfxNi2x, and Al100-2.5xHfxNi1.5x alloys were examined in detail. Figure 5.25 shows the 
DSC traces of the as spun ribbons of the alloy series Al100-3xHfxNi2x, and Al100-
2.5xHfxNi1.5x.  
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Figure 5.25 DSC traces as-spun ribbons of alloy series Al100-3xHfxNi2x, x = 4 to 7  
at% at ≤1 at% interval, and Al100-2.5xHfxNi1.5x, x = 5 to 8 at% at ≤1 at% interval, at a 
heating rate of 0.33 Ks-1. 
 
The amorphous phase of these alloys showed lower thermal stability, the first 
crystallization event takes place as early as 504 K for the alloy Al85Hf6Ni9, and were 
only moderately exothermic. In this composition range, the crystallization reactions 
all showed similar heat evolved of ~3 to 4 kJmol-1. The heat of crystallisation and thus 
the amorphous content seemed to undergo a slight peak at the alloy Al85Hf6Ni9. The 
crystallization behaviour was seen to transit from a two-step reaction above Al = 82.5 
at% to a single crystallization event for alloys with Al content <82.5 at%. Interestingly, 
when the heats of crystallization of these alloys and those of higher solute content 
shown in Figure 5.20 were plotted against the Ni content in the alloys (as shown in 
Figure 5.26), the graph showed a trend of increasing heats evolved but exhibit two 
distinct maxima at the alloys Al85Hf6Ni9, and at Al75.5Hf6.5Ni18.5, where the Ni content 
in the alloys are 9 at% and 18.5 at% respectively. 
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Ni Content (at%)  
Figure 5.26 Heats of crystallization against Ni content of the Al-Ni-Hf alloys. 
 
Figure 5.28 shows the corresponding XRD patterns on the free side of the as-
spun ribbons of the Al100-3xHfxNi2x, and Al100-2.5xHfxNi1.5x alloy series. It is apparent 
from the XRD results that only the ribbons of alloy Al85Hf6Ni9 were amorphous, as its 
XRD pattern was the only one amongst both series to show a broad hump without any 
peaks or undulations that might suggest the presence of crystalline phases. 






















Figure 5.27 XRD on free-side of as-spun ribbons of alloy series Al100-3xHfxNi2x,  
x = 4 - 7 at%, and Al100-2.5xHfxNi1.5x, x = 5 - 8 at%, at ≤1 at% interval. 
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In order to ascertain the maximum critical size for full glass formation for the 
optimum glass former, the wedge casting technique was employed. As a result, it was 
determined that the critical size for amorphous formation was the largest at 
approximately 120 µm for the alloy Al85Hf6Ni9. SEM micrographs of the wedge cast 
ingots of the alloy Al85Hf6Ni9 and those of the immediately adjacent alloy Al85Hf5Ni10 
are shown in Figure 5.28 and 5.29 respectively. Isothermal DSC experiments were 
carried out at temperatures 596 and 601 K for up to 40 min for the as-spun ribbons of 
the alloy Al85Hf6Ni9, and the results are shown in Figure 5.30. The isothermal runs 
showed an exothermic peak only, evidence that the ribbons were fully amorphous10.  
 
    100 µm 
Figure 5.28 SEM micrographs of wedge cast ingot of alloy Al85Hf6Ni9. 
 
 
    100 µm 
Wedge Cast Ingot 
Wedge Cast Ingot 
Figure 5.29 SEM micrographs of wedge cast ingot of alloy Al85Hf5Ni10. 
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As-spun ribbon of Al85Hf6Ni9
20-40 m
 
Figure 5.30 Isothermal DSC curves up to 30 min at temperatures 596 and 601 K  
for the alloy composition Al85Hf6Ni9. 
 
5.2.3.3 Melting Studies of Al-rich Al-Ni-Hf Alloys  
 
The melting and cooling curves of the Al-Ni-Hf alloys studied in this work are 
presented in Figures 5.31 and 5.32. Figure 5.31 shows the melting behaviour of the 
alloys with high solute content exceeding ~24 at%, around the alloy Al75.5Hf6.5Ni18, 
while Figure 5.32 shows that of the alloys with lower solute content around the alloy 
Al85Hf6Ni9. The solidus and liquidus temperatures for the Al-Hf-Ni alloys were 
extracted and plotted to show the solidus and liquidus surfaces in Figure 5.33. As in 
the Al-Ni-Zr alloy system, all the alloys studied commence melting at the same 
solidus temperature, indicating that they belonged to the same eutectic system. The 
optimum glass former lies in the lower solute content region (Al85Hf6Ni9, marked by a 
red sphere) where the liquidus slope remained relatively flat at a lower temperature; 
whereas another optimum glass former (Al75.5Hf6.5Ni18, marked by a black sphere) lies 
in the higher solute content region, where the liquidus slope rises rapidly. 
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Figure 5.31 Melting and cooling behaviour of alloy series Al93.5-xHf6.5Nix, x = 17 to  
19 at%, at ≤1 at% interval, and at a heating rate of 0.17 Ks-1. 
 




















Figure 5.32 Melting and cooling behaviour of low solute content Al-Hf-Ni alloy  











































Figure 5.33 Liquidus and solidus surfaces of Al-rich Al-Hf-Ni alloys. Optimum  
glass formers: Al75.5Hf6.5Ni18.0 and Al85Hf6Ni9 marked with black and red spheres, 
respectively. 
 
5.2.3.4 Summary of Results for Al-rich Al-Ni-Hf Alloys  
 
In summary, through our study, we have also located two local maxima in 
GFA in this Al-Ni-Hf alloy system. One is at Al75.5Hf6.5Ni18, whose critical size was 
approximately ~84 µm, and another at Al85Hf6Ni9, whose critical size was 
approximately ~120 µm. In addition, these two alloys probably belong to the same 
eutectic system, as they underwent the same eutectic reaction upon heating, despite 
the large difference in solute content. Figure 5.34 show the location of the two best 
glass formers in the Al-rich corner of this Al-Ni-Hf alloy system.  
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Figure 5.34 Schematic illustration of alloys studied in this work, best glass formers  
in each amorphous forming region are highlighted in red. 
 
5.2.4 Results of Al-rich Al-Ni-Ti Alloys  
 
The success in discovering two optimal glass formers in a single eutectic in 
both the previous two alloy systems could be attributed to the significant chemical 
affinity between the Al-Zr and Al-Hf pairs in each of the alloy systems; and a 
considerable atomic size mismatch between the ETM atoms and that of the Al and Ni 
atoms in the alloy. On the contrary, Ti atoms are almost the same size as that of the Al 
atoms (0.146 nm) and is only weakly attracted to Al (ΔHmix = -30 kJmol-1). 
Expectation for good GFA is clearly lower in the Al-Ni-Ti alloys. Nevertheless, based 
on the experience amassed in the search for glass forming compositions in the Al-Ni-
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Zr and Al-Ni-Hf alloy systems, we “zoomed” in on alloys in the vicinity of 
Al82Ni10Ti5 and Al75.5Ni19Ti5.5 in this Al-Ni-Ti alloy system. 
 
5.2.4.1 DSC and XRD Results of Al-rich Al-Ti-Ni Alloys  
 
Figure 5.35 shows the DSC traces of the as-spun ribbons (20 to 40 μm thick) 
of a range of representative alloys with low solute content adjacent to Al85Ti5Ni10; and 
those with high solute content in the vicinity of Al75.5Ti5.5Ni19. In the previous two 
alloy systems, even for those alloy compositions with poorer GFA than that of the 
optimum glass former, the DSC traces of these adjacent alloys showed some heat of 
crystallization. Yet in this Al-Ni-Ti alloy system, all the as-spun ribbons of alloys with 
high solute content did not show any exothermic peak at all, suggesting a total 
absence of amorphous phase. This is so even for the alloy Al70Ti10Ni20, which was 
reported previously to form an amorphous phase by the melt spinning technique4. On 
the other hand, in the composition range with lower solute content, the heat evolved 
clearly peaked for the as-spun ribbons of Al80Ti8Ni12 (ΔHx = 1.2 kJmol-1) signifying 
better GFA of this composition compared to other adjacent alloys.  
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Figure 5.35 DSC traces of as-spun ribbons of Al-rich Al-Ti-Ni alloys adjacent to 
Al85Ti5Ni10 and Al75.5Ti5.5Ni19, and at a heating rate of 0.33 Ks-1.  
. 
Figure 5.36 shows the corresponding XRD patterns on the as-spun ribbons of 
the alloys in the vicinity of the alloys Al85Ti5Ni10 and Al75.5Ti5.5Ni19. The patterns 
show that all of the as-spun ribbons were fully crystalline, and were dominated by 
both the Al3Ni phase, (S.G.. Pnma, a = 0.6598, b = 0.7352, c = 0.4802) which was 
present in all of the alloys in this series; and by the Al23Ti9 phase (S.G.. I, a = 0.384, c 
= 3.346) which was present in all but the alloy Al87.5Ti5Ni7.5. For higher solute content 
where the combined content of Ti and Ni is ≥25 at%, the XRD patterns showed that 
all of the as-spun ribbons were fully crystalline, and peaks from fcc-Al were absent. 
The peaks can be attributed to a mixture of Al3Ni and Al23Ti9 phases.  
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Figure 5.36 XRD patterns on free-side of as-spun ribbons of Al-rich Al-rich Al-Ti- 
Ni alloys adjacent to Al85Ti5Ni10 and Al75.5Ti5.5Ni19. 
 
The results that all of the as-spun ribbons were fully crystalline seemed to 
contradict the evidences from DSC traces, which had identified the alloy Al80Ti8Ni12 
as having slightly better GFA (highest ΔHx = ~1.2 kJmol-1) during the DSC run. It is 
hereby postulated that the amorphous phase formed are highly localized, perhaps only 
present as a thin layer on the surface in contact with the copper wheel, or in localized 
“pockets” where cooling rates were higher. Nevertheless, the results showed that the 
GFA of this alloy system was extremely poor, even for the alloy composition 
Al80Ti8Ni12 potentially with the best GFA. The critical size for fully glass formation 
should be << 20 μm. 
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5.2.4.2 Melting Studies of Al-rich Al-Ni-Ti Alloys  
 
Figure 5.37 shows the solidus and liquidus surfaces of the alloy system at the 
Al-rich corner of the phase diagram, based on the liquidus and solidus temperatures 
extracted from our melting studies of the Al-rich Al-Ti-Ni alloys. As with the previous 
two alloy systems, all the alloys studied here commence melting at a temperature of 
between 908 and 920 K, as such the solidus surface remains flat for all of the 
compositions studied. This would suggest that all the alloys share the same eutectic 
reaction, even for alloys with high solute content exceeding 20 at%. For low Ti 
content below 7 at % and low Ni content below about 12 at %, the liquidus surface is 
relatively shallower and is at a lower temperature. With increasing Ti and/or Ni 
content, the liquids slope rises rapidly to temperatures exceeding 1400 K, wherein the 


















































Figure 5.37 Liquidus and solidus surfaces of the Al-rich Al-Ti-Ni alloys. Optimum  
glass former Al80Ti8Ni12 marked with black sphere. 
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5.2.4.3 Summary of Results of Al-rich Al-Ni-Ti Alloys  
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Figure 5.38 Schematic illustration of alloys studied in this work, the best potential  
glass former is highlighted in red.  
 
In summary, unlike our GFA studies in the previous Al-Ni-Zr and Al-Ni-Hf 
alloy system, our study of the Al-Ni-Ti alloy system did not unveil any fully 
amorphous alloy compositions even by melt spinning. Only the alloy Al80Ti8Ni12 
showed some promise of slightly better GFA as compare to its adjacent alloys. DSC 
traces of this alloy showed a weak crystallization peak, and a mere 1.2 kJmol-1 of heat 
was evolved, although the XRD pattern showed that this alloy was also fully 
crystalline. In the subsequent discussion, this alloy would be arbitrarily regarded as 
the optimum glass former in the Al-rich region of the Al-Ni-Ti alloy system, although 




In summary, our study has revealed the existence of multiple peaks in GFA in 
a single eutectic system in both the Al-Ni-Hf and Al-Ni-Zr alloy system, but not in the 
Al-Ni-Ti alloys system. Table 5.2 summarises the alloy compositions of the optimum 
glass formers and their critical sizes. These peaks were clearly truncated from regions 
of very poor GFA. This work is the first time that the local peak(s) in GFA in a single 
eutectic system has been carefully studied and the critical size for fully amorphous 
formation for each of these two alloy systems has been reported. Furthermore, all of 
our optimum glass formers were Ni enriched, similar to a recent work in Al-RE-Ni by 
Yang et al 8, unlike many other Al-based MG’s which were often Ni-poor1,2. 
 
Table 5.2 Tabulated data on optimum glass formers in the Al-Ni-Ti, Al-Ni-Zr and 
Al-Ni-Hf alloy systems and their critical sizes for full glass formation. 
 
Alloy System Optimum glass former Critical size (μm) 
Al-Ni-Ti Al80Ti8Ni12 <<20 
   
Al-Ni-Zr Al75.5Zr5.5Ni19 81 
 Al82Zr5Ni13 112 
   
Al-Ni-Hf Al75.5Hf6.5Ni18 84 







5.3.1 Thermodynamics Considerations  
 
 Current understanding of thermodynamics and kinetics factors that govern 
glass formation has been reviewed previously in Section 2.1.2. Thermodynamically, 
easy glass formers with low critical cooling rates have a low driving force for 
crystallization, that is, there is a small difference in Gibbs free energy between the 
supercooled liquid and its crystalline counterpart. The small difference in Gibbs free 
energy is a result of large entropy of fusion, in the case of multi-component alloys; 
and high value of Trg 14. Clearly, thermodynamics aspects of glass formation is closely 
related to the eutectic and is a singular event: for a multi-component alloy system, the 
composition at which there is the lowest energy difference between the liquid and 
solid phase, would give the best glass former. Apparently, thermodynamic 
consideration alone could not explain our observed results of two maxima in GFA in a 
single eutectic system. 
 
5.3.2 Kinetics Considerations  
 
On the other hand, the eutectic has conventionally played a pivotal role in 
determining the optimum glass former in a given alloy system. Classically, it was 
believed that a high reduced glass transition of above 2/3 can effectively suppress the 
nucleation necessary for crystallization15, leading to easier glass formation. Assuming 
that the glass transition temperature is only weakly dependent on composition, while 
the liquidus temperature is the lowest at the eutectic composition, the eutectic point 
naturally has the highest Trg, and thus could potentially have the highest GFA. 
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Recently, Li and co-workers16 have extended classical solidification theory to 
include glass, and argued that the suppression of further growth of the nuclei, could 
also lead to easy glass formation, as long as the glass transition temperature, Tg 
exceeds the interface temperature of all other competing phases, in the alloy system. 
Ma17 and Tan18 et al has also drawn our attention to the eutectic coupled zone: while 
regular eutectics exhibit a symmetrical eutectic coupled zone that encompasses the 
equilibrium eutectic composition as well; irregular eutectics exhibit an asymmetrical 
eutectic coupled zone that can be severely skewed to the intermetallic19. For the 
eutectic system that exhibits a skewed eutectic coupled zone, the glass will be formed 
at a hypereutectic composition far from the equilibrium eutectic composition20. This 
can be achieved by virtue of a fast enough quench rate; alternatively, a third (or fourth) 
element that sufficiently retards diffusion of the atoms during solidification, will lead 
to more sluggish growth kinetics and therefore favour glass formation. 
This beneficial role of suppressing growth of all other crystalline phases 
including the eutectic phase is evidently fulfilled by both the Zr and Hf atoms in the 
high solute content region of the Al-Ni-Zr and Al-Ni-Hf alloy systems, respectively. 
In our study of the GFA of the Al-Ni binary system, we have determined that the fully 
eutectic structure is observed even at hypereutectic compositions (20.5 – 22.5 at% Ni 
in Al) due to the severely skewed eutectic coupled zone. Due to the significant atomic 
size mismatch and high chemical affinity for both Al and Ni atoms, the Zr and Hf 
atomic species were effective in enhancing the packing density of the liquid structure, 
thereby retarding diffusion, and therefore helped elevate the sluggishness to growth 
during solidification. Figure 5.39(a) and 5.39(b) show how the addition of increasing 
amounts of Zr content and of Hf content, respectively, suppresses the Al+Al3Ni 
eutectic of the binary Al78Ni22 alloy, and promotes glass formation, eventually 
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culminating in the fully amorphous best glass formers of Al75.5Zr5.5Ni19 and 
Al75.5Hf6.5Ni18. 
 


































(a)      (b) 
Figure 5.39 XRD patterns of on free side of 20-40 μm thick as-spun ribbons,  
showing suppression of Al+Al3Ni eutectic with the addition of (a) Zr, and (b) Hf, best 
glass former highlighted in red.  
 
Unfortunately, this role could not be satisfied by the Ti atom. Evidence from 
our study of the Al-Ni-Ti alloy system in the high solute content composition range 
did not show any sign of amorphous formation at all. The failure of the Ti atom in 
fulfilling this role could be attributed to its small size which was almost the same as 
that of the Al atoms; and its relatively weak attraction with the Al and Ni atoms. As 
such, Ti atoms could not efficiently densify the packing structure of the alloy, nor 
could it retard diffusion. Kinetically, Ti therefore could not perform on par with the Zr 
and Hf atoms in suppressing growth. As such, we have shown that the glass formation 
at high solute contents for the Al-Ni-Zr and Al-Ni-Hf systems, and the lack of which, 






5.3.3 Topological Considerations 
 
5.3.3.1 Egami and Waseda’s Topological Instability Criterion 
 
Figures 5.40(a), (b) and (c), show the plots of the topological instability 
factor21, as a function of the solute content in the Al-Ni-Zr, Al-Ni-Hf and Al-Ni-Ti 
alloy systems, respectively. The optimum glass formers in each of these systems were 
highlighted as red spheres amidst the black spheres representing other alloys studied 
in this work. A line of blue spheres are compositions where λ = 0.1. Theoretically, this 
line of composition marks the boundary above which instability sets in, and the 
amorphous state is favoured over solid solution21. Drawing from our analysis in 
Section 4.3.3, an effective atomic size of 0.145 nm and 0.115 nm for Al and Ni atoms, 
respectively, were used in the calculations instead of the Goldschmidt standard atomic 
sizes. In the case of both Al-Ni-Hf and Al-Ni Zr alloy systems, the best glass formers 
in the high solute content of each of these systems were well above the λ = 0.1 line. 
Yet, so were the many alloys which were similarly above the λ = 0.1 line, but showed 
poorer GFA (or even fully crystalline) than the optimum glass formers of 
Al75.5Zr5.5Ni19 and Al75.5Hf6.5Ni18. On the other hand, the alloys Al82Zr5Ni13, 
Al85Hf6Ni9, were well below the instability line, but showed good GFA. The 








































































































































Figure 5.40 Calculated topological instability factor, λ, as a function of solute  
content in the (a) Al-Ni-Zr (b) Al-Ni-Hf and (c) Al-Ni-Ti alloy system. Best glass 
formers are represented as red, other alloys studied as black, and compositions at 
which λ=0.1 as blue spheres. 
 
Because the topological instability criterion basically treats atomic species as 
hard spheres, it is one that places an overriding importance on the standard atomic 
sizes of the species in the alloy system investigated, chemical effect is thus neglected. 
We have attempted to factor in changes in the sizes of the species as a result of 
electronic interactions between the atoms, thinking that using effective atomic sizes in 
the calculations might provide a more realistic topological instability factor that 
considers the atomic sizes of species in a real amorphous environment (as in Section 
4.3.3). Unfortunately, this criterion could not adequately explain the strong GFA of 
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the alloys in the high solute content when adjacent alloys also possessed similarly 
high instability factor, nor could it make sense of the good GFA in the low solute 
content region where instability was thought not to have set in, and therefore glass 
formation not favoured. More importantly, the instability criterion could not explain 
the existence of two peaks in GFA in each of the Al-Ni-Hf and Al-Ni-Zr alloy systems. 
 
5.3.3.2 Miracle’s Efficient Cluster Packing Model 
 
We have discussed previously in Section 2.5.5 that the ECP Model22-24 
proposed by Miracle is a user-friendly tool in predicting glass forming compositions. 
Using Miracle’s ECP model for bcc- and fcc-packing structures, the quantitative 
predictions of the topology of the glass forming alloys in the Al-Ni-Zr, Al-Ni-Hf and 
Al-Ni-Ti alloy systems studied in this chapter, actual compositions and their critical 
size for full glass formation are presented in Table 5.3. The predicted topology in an 
fcc and bcc packing structure were also schematically illustrated in Figure 5.41. 
From the table, it is immediately apparent that the model severely 
underestimates the coordination number of Al atoms surrounding each ETM (where 
ETM = Zr, Hf or Ti) in all three cases. This deviation was the largest for the Al-Ni-Zr 
alloy system where the model designates a fixed Al:Zr ratio of 8.3 and 9.8 for fcc and 
bcc packing structures, respectively, but was as high as 16.4 for the optimal glass 
formers Al82Zr5Ni13. On the other hand, the underestimation was the smallest for the 
Al-Ni-Ti system where Ti in the potential glass former Al80Ti8Ni12 were surrounded 
by 10 Al atoms, close to the 7.5 and 8.9 for fcc and bcc structure, respectively. 
The high coordination of Al atoms surrounding each Zr and Hf atoms in the 
real systems can be attributed to their large atomic sizes and strong chemical affinity 
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between the Zr-Al and Hf-Al atomic pairs, which enhances the Zr and Hf atoms 
ability to stabilize more Al atoms around them, in a role similar to that of the Y atoms 
in Al-Ni-Y amorphous alloys25. This would strongly suggest that the Zr-centric and 
Hf-centric clusters tend to be much more densely packed as compared to the Ti-
centric atoms. The topological advantage of efficiently packed Zr- and Hf-centric 
clusters can lead to an overall denser packing of atoms that can more effectively 
retard crystallization and thus the alloy could vitrify more readily. The larger critical 
size for full glass formation of the alloys Al82Zr5Ni13 and Al85Hf6Ni9 has affirmed this.  
Interestingly, in the case of the Al-Ni-Ti alloy system, there was a good 
agreement between the topologies of the potential glass forming alloy and the 
predicted alloy based on a bcc packing structure. This despite the fact that the bcc 
structure is clearly less efficiently packed as compared to the fcc structure, as 
evidenced in Figure 5.41. Modeled topologies based on fcc and bcc packing structure 
were far from the actual glass forming compositions in the Al-Ni-Zr and Al-Ni-Hf 
alloy systems. Although the model could not adequately locate the best glass former 
in this alloy system, possibly due to a severe underestimation of number of solvent 
atoms that can be stabilized by the solute atoms of Zr and Hf, topological analysis of 
the actual glass formers helped us understand that efficiently packed solute centric 
clusters is essential in enhancing glass formation. Denser packing of atoms can more 




Table 5.3 Comparison of actual and predicted (both bcc and fcc) topologies of the optimum glass formers in the Al-rich Al-Ni-Zr, Al-Ni-Hf  
and Al-Ni-Ti alloy systems. 
 
Al-Ni-Zr Alloy system Al-Ni-Hf Alloy system Al-Ni-Ti Alloy system   
Composition Al : Zr GFA * Composition Al : Zr GFA * Composition Al : Ti GFA * 
Al75.5Zr5.5Ni19.0 13.7 ~81 Al75.5Hf6.5Ni18 11.6 ~84 Al80.0Ti8.0Ni12.0 10.0 <<20 
Actual  
Al82.0Zr5.0Ni13.0 16.4 ~112 Al85Hf6Ni9 14.2 ~120    
           
Al80.6Zr9.7Ni9.7 8.3 NA Al82.0Hf9.0Ni9.0 9.1 NA Al79.0Ti10.5Ni10.5 7.5 NA FCC  
 Al67.6Zr8.1Ni24.3 8.3 NA Al69.6Hf7.6Ni22.8 9.1 NA Al65.3Ti8.7Ni26.0 7.5 NA 




BCC  Al79.7Zr8.1Ni12.2 9.8 NA Al81.0Hf7.6Ni11.4 10.7 NA Al78.1Ti8.8Ni13.1 8.9 NA 
* GFA determined in terms of maximum critical size for full glass formation, in μm 
 
 
Figure 5.41 Schematic illustrations of the predicted topology of fcc packing  
a  
(white spheres), (b) Hf-cen
centric clusters, one T
occupying all of the 
clusters, composed of one Zr surrounded by 10




   
rrangement of (a) Zr-centric clusters, consisting one Zr surrounded by 8 Al atoms
tric clusters, one Hf surrounded by 9 Al atoms, (c) Ti-
i surrounded by 8 Al atoms, with Ni atoms (green spheres) 
β- and γ-sites; and bcc-packing arrangement of (d) Zr-centric 
 Al atoms, (e) Hf-centric clusters, one 
1 Al atoms, and (f)  Ti-centric clusters, one Ti surrounded by 9 Al 
s, with Ni atoms (green spheres) occupying all of the β-sites. γ-sites are
navailable in the bcc packing.   
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(c)      (f) 
 
5.3.3.3 Modified ECP Model 
 
The consideration of chemical effect between constituent atoms was one of the 
modifications made to the ECP model, proposed by Wang et al26, which had been 
discussed in detail in Section 2.5.6. Furthermore, the heats of mixing between atomic 
pairs frequently cited were calculated values based on Mediema’s semi-empirical 
model5. Using techniques such as calorimetric assessments, experimental values of 
the heat of mixing between atomic pairs at elevated temperatures may sometimes 
deviate significantly from the calculated values. Such is the case for the Al-Ni pair 
which was found to have an enthalpy of mixing of -50 kJmol-1 5, more than double 
that of the calculated enthalpy of -22 kJmol-1. Similarly, the experimentally 
determined heats of mixing between Al-Ti, Al-Hf, and Al-Zr pairs are presented in 
Figure 5.42. The implication is that experimentally results showed that the chemical 
affinity between Al and Ni atoms was actually much stronger than that between Al 
and the other ETM atoms. Thus, in the amorphous structure of these Al-based alloys, 
Ni atoms might play the central role of the primary solute α, forming Ni-centric 
clusters, while the ETM atoms are the secondary atoms that fill the octahedral or 
tetrahedral sites to maximize packing efficiency. 
Using this modification, the predicted compositions for glass formation for the 
Al-Ni-ETM alloy systems were calculated and presented in Table 5.4, together with 
the actual compositions of the optimal glass formers found in our study. Interestingly, 
the predicted compositions were sufficiently close to the actual compositions. Despite 
the fact that there were two optimum glass formers in each of the Al-Ni-Hf and Al-Ni-
Zr alloy systems, the predicted composition based on the modified ECP model 
actually points to the glass former with the lower solute content in all three alloy 
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systems including the one for the Al-Ni-Ti system. Namely, the model points to the 
composition Al79.5Zr7.3Ni13.2 which was close to Al82Zr5Ni13 (critical size = 112 μm); 
Al80.7Hf5.9Ni13.4 which was close to Al85Hf6Ni9 (critical size ~120 μm); and 
Al78Ti9Ni13, which was close to Al80Ti8Ni12 (critical size <<20 µm). 
The good agreement between the topological modified ECP model and the 
actual optimum glass former with low solute content near the stoichiometric 
composition of Al85Ni10ETM5 is a significant finding. Recall that it was discovered 
recently that the GFA of RE containing Al-Ni based alloys unanimously peaks at the 
composition Al85Ni10RE5 8. Our analysis suggests that this unanimity can be 
sufficiently explained by topological considerations for glass formation. That is, 
factoring chemical effect in topological considerations for glass formation had, and 
would point us to the composition with lower solute content in the vicinity of 
Al85Ni10ETM5, where the most efficient packing of atoms can effectively impede 




Through our meticulous study of the Al-Ni-Zr, Al-Ni-Hf and Al-Ni-Ti alloy 
systems, we have successfully located the optimum glass forming alloys in all three of 
these Al-rich alloy systems. Interestingly, two maxima in GFA in each of the Al-Ni-Zr 
and Al-Ni-Hf alloy systems were observed, one with high solute content exceeding 




Figure 5.42 Schematic illustration showing the experimentally determined heats of mixing between each atomic pair in the Al-Ni-ETM alloy  
Table 5.4 Comparison of actual and predicted compositions based on modified ECP model, of the optimum glass former in the Al-Ni-ETM 
alloy systems. 
 
Al-Ni-Zr Alloy system Al-Ni-Hf Alloy system Al-Ni-Ti Alloy system  
Composition Al : Zr GFA * Composition Al : Zr GFA * Composition Al : Ti GFA * 
Al75.5Zr5.5Ni19.0 13.7 ~81 Al75.5Hf6.5Ni18 11.6 ~84 Al80.0Ti8.0Ni12.0 10.0 <<20 
Actual 
Al82.0Zr5.0Ni13.0 16.4 ~112 Al85Hf6Ni9 14.2 ~120    
          
Modified 
ECP  








rTi = 1.02 * rAl
∆Hmix = -30 kJmol-1Al
Ni
rNi = 0.90 * rAl



























rHf = 1.13 * rAl
∆Hmix = -37 kJmol-1Al
Ni




ix = -58 kJm
ol -1














rZr = 1.10 * rAl
∆Hmix = -45 kJmol-1 ZrAl
Ni




ix = -49 kJm
ol -1
rAl = 0.143 nm




ix = -49 kJm
ol -1
The GFA of the BGF at the higher solute content for both alloys were sim
and were in the vicinity of 80 μm, while the GFA of the BGF at the lower solu
content were approximately ~120 μm. Furthermore, these two glass formers were 
believed to belong to the same eutectic system, as they exhibit the same eutectic 
reaction, and commence melting at similar temperatures. On the other hand, no fully
amorphous melt-spun ribbon was produced in the Al-Ni-Ti, although the alloy 







13 and  
ill 
The unique glass forming ability of these alloy systems were discussed from 
topological and kinetic considerations. Kinetic considerations for glass formation was
found to point us to the glass forming composition (Al75.5Zr5.5Ni19 and  Al75.5Hf
at high solute contents where the addition of large sized atoms with strong chem
affinity for Al and Ni atoms (for example, Zr and Hf) were effective in suppressing 
the growth of the Al+Al3Ni eutectic. On the other hand, topological considerations 
with chemical effect factored in direct one to the alloy compositions (Al82Zr5Ni
Al85Hf6Ni9, and Al80Ti8Ni12) with the optimum atomic arrangement to efficiently f
space. The thermal properties from the DSC, melting studies, and critical size for full 
glass formation of the alloy series studied are summarized and tabulated in Table 5.5  
 
Table 5.5 Thermal properties, crystallography and critical sizes of representative 














Critical Size  
(μm) 
Al-Ni-Ti       
Al85Ti5Ni10 582.4 908 1145 0.87 Al3Ni + Al + Al23Ni9 <<20 
Al80Ti8Ni12 611.5 910 1484 1.20 Al3Ni + Al + Al23Ni9 <<20 
Al80Ti10Ni10 -- 911 1556 ~0 Al3Ni + Al + Al23Ni9 <<20 


















Critical Size  
(μm) 
Al-Ni-Zr       
Al75.5Zr5.5Ni19 644.7 909 1484 5.74 Amorphous 81 
Al75.5Zr5.5Ni19.5 662.3 909 1492 4.95 Amorphous 68 
Al74.5Zr5.5Ni20 669.7 908 1487 5.41 Am + Al <20 
Al83Zr5Ni12 536.2 908 1148 3.55 Am+Al+Al3Zr <20 
Al82Zr5Ni13 564.9 908 1125 4.44 Amorphous 112 
Al81Zr5Ni14 573.4 908 1147 3.42 Amorphous 102 
       
Al-Ni-Hf       
Al76.5Hf6.5Ni17 618.7 910 1410 4.40 Am + Al <20 
Al75.5Hf6.5Ni18 643.2 910 1445 7.47 Amorphous 84 
Al74.5Hf6.5Ni19 671.4 911 1417 4.68 Am + Al 70 
Al85Hf5Ni10 529.2 906 1092 3.13 Am + Al + Al3Hf <20 
Al85Hf6Ni9 509.9 910 1093 3.94 Amorphous 120 
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By virtue of the independent work of Inoue et al1,2 and He et al3, Al-rich alloys 
containing RE (where RE = Y, La, Ce or Gd) and LTM (where TM = Ni, Co, Fe, or  
Cu), were the first to be melt spun into monolithic Al-based amorphous alloys. 
Unfortunately almost three decades since, little improvements has been reported, in 
terms of the thickness of the alloys capable of forming amorphous phase. Al-based 
alloys have thus been labeled as “poor glass formers” and fully amorphous only in the 
ribbon size, maximum size in the range of 2504 to 300 μm5. Multi-component systems, 
which should improve the GFA of some alloy systems, as semi-empirically theorized 
by Inoue6 and further established by Greer as being due to “confusion principle”7, 
seemingly failed to work for RE containing Al-based alloys5. However, these Al-
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based MG’s were still highly alluring due to its excellent properties. Fully amorphous 
ribbons were reported to possess excellent bending ductility and high tensile fracture 
strength as high as 1.56 GPa8, almost triple of that of Al-based alloys strengthened by 
conventional means9.  
 In the preceding chapter, we have established that the unique glass formation 
in the Al-Ni-ETM alloy systems is governed by kinetics and topological 
considerations. In short, topological considerations would point one to the alloy 
composition in the vicinity of Al85Ni10M5, where the atomic structure of the alloy is 
most efficiently dense packed. On the other hand, kinetics considerations would point 
one to the alloy composition not far from Al78Ni22 where the growth of the Al+Al3Ni 
eutectic phase could be suppressed if a large sized atom with sufficiently high 
chemical affinity for Al and Ni, (for example, Zr and Hf, but not Ti) is alloyed. 
 In this chapter, we will put our hypothesis to the test by considering the Al-Ni-
Y and Al-Ni-La alloy system. According to the modified efficient cluster packing 
model, the optimum glass former is located at the compositions Al79.9Y6.8Ni13.3, and 
Al79.3La7.5Ni13.2 for Al-rich Al-Ni-Y, and Al-Ni-La alloy systems respectively. This is 
the composition at which, topological, the alloy was able to achieve the optimum 
packing efficiency. The dense packing of the atoms should retard diffusion during 
solidification, inhibit crystallization and therefore encourage glass formation6.  
Moreover, as shown in Figure 6.1, both the Y and La atoms enjoyed an 
exceptionally large atomic size mismatch (>26%) between the Al-Y and Al-La atomic 
pairs. Additional, the calorimetric assessment in literature10 showed that the Al atoms 
have large and comparable negative heats of mixing with the La, Y and Ni solutes 
(high chemical affinity between solvent and solute pairs). The strong chemical affinity 
between the constituent atoms in an Al-Ni-Y and an Al-Ni-La alloy should elevate 
133 
viscosity and retard long range diffusion, leading to sluggish kinetics during 
solidification. In this context, we can safely draw a parallel between the Y and La 
atom and that of Zr (and Hf) atoms in their beneficial role in kinetically suppressing 
the growth of the Al+Al3Ni eutectic at compositions with high Ni contents. As such 
we should also expect two peaks in optimum glass formation in the Al-Ni-Y and Al-
Ni-La alloy systems, one at a lower solute content in the vicinity of Al79.9Y6.8Ni13.3 
and Al79.3La7.5Ni13.2 by virtue of topological factors, and another at high Ni contents 
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Figure 6.1 Schematic diagram showing heats of mixing between Al, Ni and (a) Y;  
and (b) La atoms and their standard atomic sizes in comparison with that of Al. 
 
6.2 Results and Analysis 
 
6.2.1 Equilibrium Ternary Phase Diagram 
 
Figure 6.2 shows the 8000C isothermal section11 of the Al-Y-Ni ternary phase 
diagram. The Al-rich corner above about 70 at% is neatly divided into 3 ternary-phase 
triangles by two Al-rich ternary phases, Al16YNi3 (τ1) and Al4YNi (τ4). Previous 
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work by Inoue et al12 were all concentrated on the triangle bounded by the phases Al-
Al3Y-τ4. Due to the notion that Al-Ni binary are incapable of forming glass, the 
triangle closer to Al-Ni binary: the Al-Al3Ni-τ1 triangle and the Al-τ1-τ4 triangle were 
seldom explored. In this study, we shall focus the attention in finding the best glass 
former (BGF) based on topological consideration in the central Al-τ1-τ4 triangle, 
where the composition Al79.9Y6.8Ni13.3 is also located. The equilibrium Al-rich ternary 
phase diagram of Al-Ni-La is not available. Here, Y is fixed at 6 at%, while La was 










Figure 6.2 Al-rich corner of ternary Al-Ni-Y phase diagram (800OC  isothermal  
section), adapted from Ref [11].  
 
6.2.2 Two Amorphous Forming Zones in both Al-Ni-Y and Al-Ni-La Alloy 
Systems 
 
Figure 6.3 and 6.4 shows the DSC traces at a heating rate of 0.33 Ks-1, of the 
as-spun ribbons of the Al-Ni-Y alloys with Y fixed at 6 at%, and those of the Al-Ni-La 
alloys with La fixed at 5 at%, respectively. The Ni content was increased at steps of ≤ 
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2 at% in replace of the Al content. We observe in both these alloy systems the same 
phenomenon of two amorphous forming regions. The first, lies in the series where Ni 
is between 6 and ~15 at%, and as shown in Figure 6.5(a), the heat of crystallization in 
this region peaked at the alloy Al85Y6Ni9 (ΔHx = 4.75 kJmol-1). The second 
amorphous forming region however, was solute enriched. The highest heat of 
crystallization evolved was by that of alloy Al77Y6Ni17 (ΔHx = 5.31 kJmol-1). 





































Figure 6.3 DSC traces of as-spun ribbons of Al-rich Al94-xY6Nx alloy series where  
x = 6 - 23 at%, at <3 at% interval, and at a heating rate of 0.33 Ks-1.  
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Figure 6.4 DSC traces of as-spun ribbons of Al-rich Al95-xLa5Nx alloy series 
where  
x = 8 - 21 at%, at <3 at% interval, and at a heating rate of 0.33 Ks-1.  
 
Figure 6.5(b) shows a similar, albeit less distinct, phenomenon of twin peaks 
in the heat of crystallization. One at the alloy Al82La5Ni13 (ΔHx = 4.94 kJmol-1); and 
th 5Ni19 (ΔHx = 4.43 kJmol ). -1e second, which was solute enriched, at the alloy Al76La
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Ni Content (at%)  
Figure 6.5 Change in heat of crystallization of the (a) Al94-xY6Nix alloy series, as 
x,  
the Ni content increases from 6-23 at % at <3 at% interval; and (b)  Al95-xLa5Nix, as x,  
the Ni content increases from 8-21 at % at <5 at% interval. 
(a)      (b) 
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  The XRD patterns in Figures 6.6 and 6.7 of the as-spun ribbons of the alloys 
studied reinforced what we observed in the DSC traces. The patterns showed two 
distinct amorphous forming region, truncated by regions of poorer GFA, represented 
here by the alloy Al81.8Y5.7Ni12.5 and Al82La5Ni13 respectively. The Al-enriched 
amorphous forming region is centred on the alloy Al85Y6Ni9, which showed a broad 
hump free from any peaks (see Figure 6.6), and DSC traces of this alloy showed the 
highest heat evolved amongst adjacent alloys. Similarly, the alloy Al87La5Ni8 showed 
a broad hump free from any peaks (as shown in Figure 6.7) and showed the highest 
heat of crystallization. On the other hand, the Ni-enriched amorphous forming region 
is centered on the alloy Al77Y6Ni17, and Al76La5Ni19 whose XRD pattern showed a 
broad hump but with some traces of peaks that can be attributed to that of the fcc-Al 
phase. Both alloys showed a local maximum in the heat of crystallization hinting at 
higher amorphous content compared to alloys in the vicinity. Note that both these 
alloys are already not far from the alloy compositions that should potentially give 
good GFA by topological (Al79.9Y6.8Ni13.3, Al79.2La7.5Ni13.3) and kinetics 
(~Al75.5RE5.5Ni19) considerations as hypothesized. 
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As-spun Ribbons, 20-40 m 
Al81.8Y5.7Ni12.5
 
Figure 6.6 XRD patterns of as-spun ribbons of Al-rich Al94-xY6Nix alloy series, as  
x, the Ni content increases from 6-21 at % at <3 at% interval.  
 




















Figure 6.7 XRD patterns of as-spun ribbons of Al-rich Al95-xLa5Nix alloy series, 
as  
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x, the Ni content increases from 8-21 at % at <3 at% interval.  
6.2.3 Optimum Glass Former due to Topological Factors 
 
c)) showed a featureless 
contrast characteristic of a fully amorphous microstructure. 
The next step is thence, to locate the compositions that gave the best GFA in 
the amorphous forming region. Figure 6.8(a) shows the DSC traces, and Figure 6.8(b) 
shows the corresponding XRD patterns for as-spun ribbons for an alloy series Al100-
2.5xYxNi1.5x in the Al enriched region, in the vicinity of the alloy composition 
Al85Y6Ni9. The as-spun ribbons have thicknesses 200-250 μm across, prepared by 
lowering the rotating copper wheel speed to 5 ms-1. The heats of crystallization as 
shown in Figure 6.8(a) clearly peaks at alloy Al85Y6Ni9 (ΔHx = 4.70 kJmol-1), 
indicating higher amorphous content compared to its adjacent alloys. The XRD 
patterns showed that all three alloys from x = 6.0 to 6.5 showed broad humps typical 
of fully amorphous microstructures. SEM micrographs as shown in Figure 6.9 show 
that only x = 6 (Figure 6.9(b)) and x = 6.5 (Figure 6.9(
















































2 (deg.)  
igure 6.8 (a) DSC traces and (b) XRD patterns of as-spun ribbons of Al-rich 
Al100-2.5xYxNi1.5x alloy series where x = 5.5 – 7.0 at%, at <0.5 at% interval. 
 








(b) x = 6.0  
 50 µm 
 50 µm 
 20 µm 
(a) x = 5.5  
 20 µm 
(c) x = 6.5  (d) x = 7.0  
Figure 6.9 SEM micrographs of as-spun ribbons of Al-rich Al100-2.5xYxNi1.5x alloy  
series where x = (a) 5.5 at%, (b) 6 at%, (c) 6.5 at% and (d) 7 at%. TEM inset on right  
corner of (b) and (c) show a diffused ring only - ribbons were fully amorphous. 
 
In order to ascertain the maximum critical size for full glass formation for the 
optimum glass former, the wedge casting technique was employed. As a result, it was 
determined that the critical size for amorphous formation of the alloy Al85Y6Ni9 was 
approximately 360 µm, based on wedge cast ingots for this alloy as shown in Figure 
6.10(a). SEM micrographs of those of the immediately adjacent alloy 




100 µm 100 µm 
(a) Al85Y6Ni9 (b) Al83.75Y6.5Ni9.75 
Figure 6.10 SEM micrographs of wedge cast ingot of alloy (a) Al85Y6Ni9 (critical  
size = ~360 μm), and (b) Al83.75Y6.5Ni9.75 (critical size = ~320 μm). 
 
Similarly, in order to ascertain the maximum critical size for full glass 
formation for the optimum glass former in the low Ni-content region of the Al-Ni-La 
alloy system, the wedge casting technique was employed. As a result, it was 
determined that the critical size for amorphous formation of the alloy Al87La5Ni8 was 
approximately 376 µm, based on wedge cast ingots for this alloy (see Figure 6.11). 
 
100 µm 
ta = 376 µm 
Al87La5Ni8 
Figure 6.11 SEM micrographs of wedge cast ingot of alloy Al87La5Ni8 (critical 
size  






As predicted, our study of the GFA in the Al-Ni-Y and the Al-Ni-La alloy 
system has also returned two amorphous forming regions. The optimum glass former 
in the lower solute content was pinpointed at the composition Al85Y6Ni9 and 
Al87La5Ni8 which was capable of forming fully glassy cast ingots as thick as 360 μm 
(for alloy Al85Y6Ni9) and 376 μm in the case of alloy Al87La5Ni8.While we did not 
pinpoint the optimum glass former in the region of higher Ni content, we are 
onfident that it should be in the vicinity of the alloy Al77Y6Ni17, and Al76La5Ni19.  
 
6.3.1 ptimum Glass Former due to Topological Factors 




Based on topological considerations with chemical affinity between the 
solvent-solute pairs factored in, the composition that can yield the best glass former 
for the Al-Ni-Y alloy system was predicted to be Al79.9Y6.8Ni13.3, and that for the Al-
Ni-La alloy system was  Al79.2La7.5Ni13.3. In the case of the Al-Ni-Y alloy system, this 
prediction was sufficiently close to the real best glass former that we have located. 
The slight discrepancy between the Ni content in the real and predicted topologies is 
not clear. On the other hand the discrepancy between the predicted and the actual 
compositions for the Al-Ni-La alloy system was much starker. This could be related to 
the effective atomic size of the constituent atoms which was reported to change 
significantly in a real amorphous structure (see Section 2.4.1). Nevertheless, our 
results strongly suggest that topological considerations can adequately explain the 
optimum glass former we have located in the lower solute content composition region. 
The unique GFA of the alloys Al85Y6Ni9 and Al87La5Ni8 is attributable to the 




6.3.2 est Glass Former due to Kinetics Factors 
 
Furthermore, our studies have found another composition region with 
considerable GFA, in the vicinity of the alloy Al77Y6Ni17, where the heat of 
crystallization peaks at (ΔHx = 5.31 kJmol ); and in the vicinity of the alloy 
Al76La5Ni19, where the heat of crystallization peaks at (ΔHx = 4.43 kJmol ). The 
XRD patterns for both alloys showed a broad hump but with peaks that can be 
attributed to that of the fcc-Al crystalline phases. Even without pinpointing the exact 
composition for full glass formation, drawing from our past experience in Chapter 5, 
we are confident that therein lies an optimum alloy composition with considerable 
GFA. Note that these two alloys are not far from the composition range Al79.5Ni20.5 to 
Al77.5Ni22.5, where in Chapter 4 we have discovered that the as-spun ribbons exhibit a 
fully eutectic microstructure. We can conclude that the addition of the large-sized Y or 
La atoms, which had high chemical affinity for the solvent atoms could densify the 
atomic packing structure of the alloy, elevate viscosity, and contribute to sluggish 
kinetics during growth. The unique glass formation of the composition with high Ni 
content in the vicinity of the alloys Al77Y6Ni17 and Al76La5Ni19 is thus closely related 
to the kinetics of growth during solidification of the alloy. 
6.3.3 ultiple Maxima in Glass Formability in Al-rich Al-Ni-RE Alloys 
 
Figure 6.11 schematically illustrates the location of the optimum glass formers 







and the Al-Ni-La alloy systems were highlighted in red. 
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Figure 6.12 Schematic illustration of alloys studied in this work, best glass formers  


















highlighted in red. 
 
 
al peak in glass 
formability, in the Ni-enriched region in the vicinity of Al78Ni17RE5. 
able 6.1 Table listing Heats of Mixing between RE metal and Al, and the atomic 
sizes of various common RE meta
 
Rare Earth Metals Y La Ce Pr Nd Sm Gd Dy 
The significance of the finding of two peaks in amorphous formability in the 
Al-Ni-Y and Al-Ni-La alloy systems cannot be over emphasized. Table 6.1 lists the 
heats of mixing between the Al atom and that of Y, La and other rare earth atoms; it 
also lists the atomic sizes of all the RE atoms. It is immediately apparent that all these 
RE atoms showed striking similarity in their chemical affinity for the Al atoms, and 
atomic sizes as well. Due to this similarity, we should expect that the composition that 
gives the optimum efficiency in packing structure to be almost the same. In fact, it 
was reported recently that the best glass formers for the Al-Ni-RE (where RE = La, Ce, 
Pr, Nd and Mm) Al-Ni based alloys unanimously peaks at the composition 
Al85Ni10RE5. Our representative work in the Al-Ni-La and Al-Ni-Y alloy system has 
showed that the peak in glass formation at this alloy composition could be well 
understood by topological considerations. Furthermore, with the Y and La containing 
Al-Ni alloy systems as representative of the other RE containing alloy system, we can 












 6.4 Summary 
 
In summary, we have also found evidence for two glass forming regions in the 
Al-Ni-Y and the Al-Ni-La alloy systems. One was successfully pin-pointed at the 
composition Al85Y6Ni9 which was capable of forming fully glassy cast ingots as thick 
as 360 μm. While we did not pinpoint the optimum glass former in the region of 
higher Ni content, we are confident that it should be in the vicinity of the alloy 
Al77Y6Ni17. The existence of two peaks in GFA could be well explained by 
considering topological and kinetics factors in glass formation, as we have established 
in Chapter 5 previously. Our work in this chapter has planted this firmly on the 
ground, that topological considerations for efficiently closed packed atomic structures 
would point one to the composition in the vicinity of Al85Ni10M5; while kinetic 
considerations for the suppression of growth of the crystalline eutectic phases of 
Al+Al3Ni by atomic species with large sizes and high chemical affinity for the other 
constituent atoms, would point one to the composition around Al75.5Ni5.5M19. 
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Decades has gone by since the revolutionary discovery of glass formation in 
the Au-Si alloy system1,2, and the subsequent discovery of glass formation in Al-
based RE-containing alloys3-5. While the critical size for full glass formation of Al-
based alloys lingered in the micron-sized range, despite much effort by researchers to 
enhance the glass forming ability (GFA), critical sizes for many other alloy systems, 
have since surged by leaps and bounds.  It is under this backdrop of challenging 
scientific hurdle that we embarked on our research study, aiming to carve a niche for 
ourselves in the study of glass formation in Al-based amorphous alloys.  
We started out on a meticulous study of the GFA of the Al-rich Al-Ni binary 
alloys, with the chemical formula of Al100-xNix, where x = 11 to 30 at% Ni. It was 
believed that strong electronic interaction between Al-LTM (such as Fe and Ni) leads 
to covalent-like bonding between Al and the LTM, resulting in significantly reduced 
bond length6-9. In the context of GFA, this strong attractive bonding and reduced bond 
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length should lead to denser packing in the liquid state, and should favor glass 
formation10. 
DSC and SEM evidences revealed that the as-spun ribbons of alloy x = 21.5 
at% showed some hints of an amorphous phase. Microstructural observations revealed 
the existence of a fully eutectic microstructure of the as-spun ribbons at a 
hypereutectic composition, pointing to a eutectic coupled zone severely skewed to the 
Al3Ni intermetallic phase. This composition range also corresponded very well with 
the observation of the possible amorphous phase formation. Invoking the competitive 
phase theorem developed by our group11-13, yet higher cooling rates for alloys with Ni 
content near 21.5 at% might help one discover new fully amorphous Al-Ni binary 
alloy(s).  
In our subsequent study of the GFA of Al-Ni-LTM alloy systems, the effect of 
small additions of Zr, Ti and Hf to an Al-Ni based alloy system with high Ni content 
in the vicinity of 20 -22 at % was investigated. Furthermore, based on the discovery 
that the GFA of RE containing (where RE = La, Ce, Pr, Nd and Mm) Al-Ni based 
alloys unanimously peaks at the composition Al85Ni10RE5 14, the GFA of ETM 
containing Al-Ni based alloys in the vicinity of this composition was also studied.  
In the literature (see Section 2.2.2.2), the search for Al-based metallic glasses 
(MG’s) was predominantly centred on Al-TM-RE alloys15, the Al-LTM-ETM alloy 
systems were henceforth much neglected in the arena of amorphous formability 
studies. However, we believe that it should still be scientifically worthwhile to revisit 
these Al-Ni-(Zr, Hf or Ti) systems based on the following points: The heats of mixing 
between the Al-ETM pairs were strongly negative and decreases in the order Zr > Hf 
> Ti16, and that there is a modest atomic size mismatch between Al and the ETM 
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atoms and decreases in the order of Hf > Zr > Ti. Both of which were thought to be 
beneficial to the enhancement of GFA of alloys17. 
Through our meticulous study of the Al-Ni-Zr, Al-Ni-Hf and Al-Ni-Ti alloy 
systems, we have successfully located the optimum glass forming alloys in all three of 
these Al-rich alloy systems. Interestingly, two maxima in GFA, in a single eutectic in 
each of the Al-Ni-Zr and Al-Ni-Hf alloy systems were observed. Kinetic 
considerations for glass formation was found to point us to the glass forming 
composition (Al75.5Zr5.5Ni19 and  Al75.5Hf6.5Ni18) at high solute contents where the 
addition of large sized atoms with strong chemical affinity for Al and Ni atoms (for 
example, Zr and Hf) were effective in suppressing the growth of the Al+Al3Ni 
eutectic. Both these alloys had similar critical size for full glass formation of ~80 μm. 
On the other hand, topological considerations with chemical effect factored in 
direct one to the alloy compositions (Al82Zr5Ni13, Al85Hf6Ni9 and Al80Ti8Ni12) with 
the optimum atomic arrangement to efficiently fill space. The critical sizes of the 
Al82Zr5Ni13 and Al85Hf6Ni9 alloys were ~120 μm. No fully amorphous melt spun 
ribbon was produced in the Al-Ni-Ti alloy system, although the alloy Al80Ti8Ni12 
should potentially possess the highest GFA. 
Finally, we have put our hypothesis to the test by considering the Al-Ni-Y and 
Al-Ni-La alloy systems. According to the modified efficient cluster packing model18, 
the optimum glass former in an Al-rich Al-Ni-Y alloy system is located at the 
composition Al79.9Y6.8Ni13.3, while in an Al-Ni-La system, this composition is  
Al79.3La7.5Ni13.2. This is the composition at which, topological, the alloy was able to 
achieve the optimum packing efficiency. On the other hand, both the Y and La atoms 
enjoyed an exceptionally large atomic size mismatch with the Al atoms, and Al has 
large and comparable negative heats of mixing with both the Y and La, as well as the 
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Ni solutes. The strong chemical affinity between the constituent atoms in an Al-Ni-Y 
and an Al-Ni-La alloy should lead to sluggish kinetics during solidification. As such 
we should also expect two peaks in optimum glass formation in these alloy systems, 
one at a lower solute content in the vicinity of Al79.9Y6.8Ni13.3 and Al79.3La7.5Ni13.2 by 
virtue of topological factors, and another at high Ni contents in the vicinity of 
Al75.5Ni19RE5.5 due to the kinetic considerations. 
Sure enough, we successfully pin-pointed the alloy Al85Y6Ni9 which was 
capable of forming fully glassy cast ingots as thick as 360 μm, and alloy Al87La5Ni8 
has a critical size of approximately 376 µm. While we are confident of another 
optimal glass former in the vicinity of the alloy Al77Y6Ni17, and Al76La5Ni19. The 
existence of two peaks in GFA could be well explained by considering topological 
and kinetics factors in glass formation, as we have established previously. 
 The unique glass formation in the Al-Ni-(Zr, Hf, Ti, Y or La) alloy system 
was discussed from topological and kinetics considerations. The kinetic consideration 
was centered on the eutectic composition or eutectic coupled zone, which was unique 
of each alloy system. On the other hand, the topological factor was related to the 
efficient packing of atoms in an amorphous structure. It is hereby suggested that glass 
formation is an intricate balance of kinetic and topological factors. For marginal glass 
formers like Al-based MG’s, each of these factors could point to a different alloy 
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